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ABSTRACT 
 
A novel gas atomization reaction synthesis (GARS) method was utilized to produce 
precursor Ni-Cr-Y-Ti powder with a surface oxide and an internal rare earth (RE)-
containing intermetallic. Although Al is necessary for industrial superalloy production, the 
Ni-Cr base alloy system was selected as a simplified system more amenable to 
characterization. This was done in an effort to better study the effects of processing 
parameters. Consolidation and heat-treatment were performed to promote the exchange of 
oxygen from the surface oxide to the RE intermetallic to form nanometric oxide dispersoids.  
Alloy selection was aided by an internal oxidation and serial grinding experiment 
that found that Hf-containing alloys may form more stable dispersoids than Ti-containing 
alloys, but the Hf-containing system exhibited five different oxide phases and two different 
intermetallics compared to the two oxide phases and one intermetallic in the Ti-containing 
alloys. Since the simpler Ti-containing system was easier to characterize, and make 
observations on the effects of processing parameters, the Ti-containing system was used for 
experimental atomization trials. An internal oxidation model was used to predict the heat 
treatment times necessary for dispersoid formation as a function of powder size and 
temperature. 
A new high-pressure gas atomization (HPGA) nozzle was developed with the aim of 
promoting fine powder production at scales similar to that of the high gas-flow and melt-
flow of industrial atomizers. The atomization nozzle was characterized using schlieren 
imaging and aspiration pressure testing to determine the optimum melt delivery tip 
geometry and atomization pressure to promote enhanced secondary atomization 
mechanisms. 
Six atomization trials were performed to investigate the effects of gas atomization 
pressure and reactive-gas concentration on the particle size distribution (PSD). Also, the 
effect on the rapidly solidified microstructure (as a function of powder size) was investigated 
as a function of reactive-gas composition and bulk alloy composition. The results indicate 
 xiv 
that the pulsation mechanism and optimum PSDs reported in the literature were not 
observed. Also, it was determined that reactive gas may marginally improve the PSD, but 
further experiments are required. The oxygen content in the gas was also not found to be 
detrimental to the microstructure (i.e., did not catalyze nucleation), but may have removed 
potent catalytic nucleation sites, although not enough to significantly alter the 
microstructure. 
Overall, the downstream injection of oxygen was not found to significantly affect 
either the PSD or undercooling (as inferred from microstructure and XRD observations), 
but injection further upstream, including in the gas atomization nozzle, remains to be 
investigated.
 1 
CHAPTER 1  -  INTRODUCTION 
1 .1  -  MOTIVATION FOR RESEARCH 
Motivation for this research has been reported elsewhere [1, 2] and is reproduced 
here, in aggregate form, for convenience. As the world population increases, and more areas 
become developed, the importance of responsible and efficient electric power production 
becomes more critical. Future generation power plants have been proposed which offer 
higher thermal efficiencies gained through higher operating temperatures.  This is the basic 
irreversible thermodynamic premise surrounding the Carnot cycle; higher operating 
temperatures offer higher efficiencies. The restriction of the maximum practical operating 
temperature is often determined by the availability of cost-effective materials that can 
withstand the proposed extreme temperature and environmental conditions. An example of 
such a proposed power plant is the Advanced Ultra Super Critical (A-USC) coal fired plant 
which would operate with 760°C (1400°F), 35 MPa (5000 psi) steam [3].  
These proposed operating conditions impose demanding material requirements that current 
conventional heat-treated, or precipitation strengthened, Ni-based superalloys are unable to 
meet, as shown in Figure 1.  
 
F igu re  1  -  100 ,000  hour  c r e ep  s t r eng th  l im i t a t ion s  o f  conven t iona l  wrought  hea t  r e s i s t an t  a l l oy s  
( sho r t f a l l  o f  cu r r en t  a l l oy s  h igh l i gh t ed  by  o r ange  a r row)  [4 ] .  
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F igu re  2  -  Tempera tu re  e f f e c t s  on  s t r eng then ing  mechan i sms  [5 ] .  (Ba s ed  on  [6 ] )  
 
This is due to the limiting temperature at which the precipitation strengthening 
mechanism remains effective [5], as seen in Figure 2. In Ni-based precipitation strengthened 
alloys this effective temperature is significantly affected by the dissolution of the !’ 
precipitation strengthening phase into the matrix. 
Oxide dispersion strengthened (ODS) Ni-base superalloys have been considered 
promising candidate materials to fulfill the corrosion, erosion, oxidation, and creep 
challenges imposed by the operating environment of components such as gas turbines [7] 
and heat exchanger tubing.  These ODS alloys have the ability to improve the robust high 
temperature mechanical and corrosion resistant properties of precipitation strengthened 
alloys by adding strengthening mechanisms, Figure 2, that are highly stable at these 
increased temperatures [5]. A few examples of Ni-based ODS-containing alloys are MA 
754, MA 6000, and PM 3030. Information on composition, strengthening mechanisms, 
and oxidation protection are summarized in Table 1. The scope of the current research is 
confined to an alloy system most similar to MA 754 in order to be able to study the oxide 
reactions more confidently. It should be noted, however, that eventual alloys produced to 
withstand A-USC boiler conditions will require aluminum (i.e., be an alumina scale 
former).  
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Tab l e  1  -  Compar i son  o f  mechan i ca l l y  a l l oyed  Ni -ba s ed  ODS a l loy  example s .  
 MA 754  MA 6000  PM 3030  
Composition (wt.%) [8] 
Ni - 20Cr - 1Fe -
0.5Ti - 0.3Al - 
0.05C + 0.6Y2O3 
Ni - 15Cr - 4.5Al - 
2.5Ti - 2Mo - 4W -  
2Ta - 0.15Zr - 0.01B - 
0.05C + 1.1Y2O3 
Ni - 17Cr - 2Mo - 3.5W 
- 2Ta - 6.6Al + 1.1Y2O3 
Composition (at.%) 
Ni - 21.82Cr - 1Fe 
- 0.6Ti - 0.6Al -  
0.24-0.3Y - 0.45O 
Ni - 16.4Cr - 9.5Al - 
3Ti - 1.2Mo - 1.1W -
0.6Ta - 0.01Zr - 0.05B -
0.24C - 0.55Y - 0.81O 
Ni - 18.1Cr - 1.2Mo -  
1.1W - 0.6Ta - 13.6Al - 
0.54Y - 0.81O 
(Primary) Oxide Protective Scale [9] Cr2O3 Al2O3 Al2O3 
Strengthening Mechanism ODS Precipitation (!’) + ODS Precipitation (!’) + ODS 
 
 
F igu re  3  -  Example  s chemat i c  o f  MA and  the  sub sequen t  p roce s s ing  s t ep s  to  r e ach  the  end  p roduc t  
[10 ] .  
 
The most historically and commercially significant method of incorporating oxide 
dispersoids into a metal matrix has been mechanical alloying (MA) [11], shown in Figure 3 
[10]. This process includes precursor (elemental Ni and Cr and master Ni-(Al-Ti) alloy) 
powder production, blending of the component powders (including the selected oxide for 
dispersal, typically Y2O3), and high-energy ball milling to complete solid state “alloying” of 
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the resulting particulate agglomerates, which is followed by powder consolidation, and then 
thermal-mechanical processing. MA has proven to be a very time and energy intensive 
operation leading to high costs of manufacturing.  In addition to high cost, additional 
drawbacks to MA include microstructure anisotropy [12], Figure 4, extensive post-
consolidation processing, and powder contamination with tramp metallic elements (often 
associated with the milling media or vessel) and with oxygen, carbon and nitrogen (>1000 
ppm) [1] from the milling atmosphere.   
 
 
F igu re  4  -  Mic ro s t ruc tu ra l  e vo lu t ion  dur ing  mechan i ca l  m i l l ing  o f  bo th  duc t i l e  and  b r i t t l e  powder s  
[12 ] .  
 
Recently a unique rapid solidification process termed gas atomization reaction 
synthesis (GARS) [13] was proven to be viable [14] for production of precursor powders for 
ODS ferritic stainless steel that, upon consolidation and heat treatment, formed stable 
nanometric oxide dispersoids [14-16]. This production method for the precursor powders, 
shown in Figure 5, involves disintegration of a molten metal stream by a high-velocity gas 
mixture containing mostly inert gas and a small controlled fraction of a reactive element; 
oxygen in this case. In situ the nascent particles form a thin, kinetically favorable, 
metastable oxide phase upon solidification. This oxide phase can then be dissociated upon 
high temperature consolidation via an oxygen exchange reaction in which the prior particle 
boundary (PPB) oxide behaves as a chemical reservoir supplying oxygen to react with a rare 
earth (RE) element, yttrium in this case, either solute trapped in a solid solution or phase 
segregated as an intermetallic within the particle. The thermodynamic driving force for the 
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substitution reaction is the reduction of Gibbs free energy of the system that occurs when a 
more energetically favorable and stable RE-containing oxide is formed. The goal of the 
process is to create highly stable nanometric oxide dispersoids of relatively homogenous size 
and spacing. 
This desired distribution is based on strengthening theories that describe high-
temperature particle strengthening as being controlled by particle size, spacing, and 
coherency [17, 18]. It was shown, for the Fe-Cr-Y-(Hf or Ti) system, that the as-solidified 
yttrium distribution (i.e., segregation spacing) dictates the post-consolidation oxide 
dispersoid size and spacing [16]. It is also known that cooling rate increases, and therefore 
microstructural feature spacing decreases, with decreasing particle size [19, 20]. This 
provides the basis for the current research outlined in Section 1.2. 
 
 
F igu re  5  -  S chemat i c  o f  GARS p roduc t ion  o f  ODS p recu r so r  powder s  w i th  in  s i tu  f o rmat ion  o f  an  
ox ide  she l l  ( l e f t ) .  A  conso l ida t ed  powder ,  in  c ro s s - s e c t ion  i s  shown  ( r i gh t ) .  Th i s  p r io r  pa r t i c l e  
bounda ry  (PPB)  ox ide  l a ye r  i s  sub sequen t l y  d i s soc i a t ed  upon  h igh  t empera tu r e  conso l ida t ion  
fo rming  a  more  the rmodynamica l l y  f avo rab l e ,  nanomet r i c  ox ide  pha se .  (F igu re s  adap ted  f rom [14 ] )  
 
1 .2  -  THESIS ORGANIZATION AND OBJECTIVES 
1.2.1 - ORGANIZATION 
This thesis serves as an investigation into production of Ni-base ODS alloys by 
GARS and a simplified consolidation and heat treatment procedure. A literature survey of 
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topics pertinent to this research is offered in Chapter 2. The main research is split into three 
chapters. Initially a proof of concept, Chapter 3, was performed to verify the oxidation 
kinetics for Ni-Cr-Y-x systems, to select the alloy chemistry for atomization trials and use 
the observed reaction kinetics to predict heat treatment times for development of 
subsequent dispersoids. Prior to atomization trials, however, an investigation, Chapter 4, 
into a new high-pressure gas atomization (HPGA) nozzle, capable of operating at gas and 
melt flow rates comparable to an industrial atomizer, was performed. This work allowed 
selection of appropriate processing parameters for the atomization trials outlined in Chapter 
5. Chapter 6 contains conclusions for the research, as a whole.  
1.2.2 - OBJECTIVES 
There are many objectives of this research that are collectively aimed at developing a 
cost-effective method of producing Ni-based ODS alloys. As mentioned above, an 
understanding of the oxidation kinetics of the Ni-Cr-Y-x systems is necessary to 
understand: the potential thermal stability of various reactive additions (i.e., x = Ti, Hf, or 
Zr) as mixed oxides with Y, the implications of these additions on the oxide substitution 
reaction process, and the implications of these additions on the eventual industrial process; 
including the scalability of the process to industrial levels. 
In an effort to place emphasis on industrial scalability, additional research has to be 
performed on the process itself prior to actual production of the powder. The aim of the 
work in Chapter 4 is to characterize a new high-flow gas atomization nozzle and to use 
knowledge gained from previous research to guide the selection of the following atomization 
parameters: internal melt feed tube geometry, external melt feed tube geometry, melt feed 
tube extension, and atomization gas pressure. Nozzle characterization involved aspiration 
base pressure testing and schlieren photography and videography. In light of conflicting 
results from the literature, the results from the study in Chapter 4 were compared to 
atomization trials in Chapter 5 to examine the effect of gas-only aspiration pressure on the 
particle size distribution (PSD) and yield of the experimental atomization trials. It was 
previously shown for the GARS process in an Fe-based system that the oxide dispersoid 
distribution is dictated by the as-atomized solidification microstructure or microsegregation 
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pattern. It is also well known that cooling rate increases and microstructural segregation 
decreases for decreased powder particle size. However, it may also be important to note the 
effects of other processing parameters, such as atomization gas oxygen content, on the PSD 
and microsegregation pattern. This is discussed in Chapter 5. 
Since it has also been known that oxides can play a significant role in catalyzing 
nucleation of solidification, it is important to examine the effect of the surface oxide on the 
undercooling and solidification microstructure. It is also important to examine the role that 
base alloy chemistry has in any effects that oxygen may have on the solidification structure. 
These are both examined in Chapter 5 as well. 
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CHAPTER 2  -  LITERATURE REVIEW 
2 .1  -  OXIDE DISPERSION STRENGTHENING (ODS) AND NI-BASED ODS ALLOYS 
2.1.1 - ODS STRENGTHENING THEORIES 
Detailed descriptions of particle hardening mechanisms at both low and high 
temperature are well reviewed and readily available in the literature as general theory [17, 
21, 22] and as pertaining to ODS alloys specifically [6, 15, 23-27].  
Low-Temperature Particle Strengthening 
Particle strengthening at low-temperatures can be divided into two classes of 
particles: “weak” and “strong” dislocation obstacles. 
“Weak” obstacles are shearable, coherent or semi-coherent particles (e.g. 
intermetallic precipitates). The dominant mechanism below a critical particle size for fine-
dispersed particles (under-aged) is the Friedel cutting mechanism. The energy/stress 
required to penetrate these particles is a sum of many factors [17]. Chemical (surface) 
strengthening is due to the work required to increase the interfacial surface energy when 
creating more particle-matrix interfacial area when shearing a particle. Modulus-mismatch 
strengthening can occur when the shear modulus of a particle is higher than that of the 
matrix. Coherency strengthening is caused by a lattice parameter mismatch between the 
particle and the matrix that creates a strain field surrounding the particle, which in turn 
interacts with the dislocation. This means that strain fields of neighboring particles that are 
not being directly cut by the dislocation can also affect a dislocation and that the effect can 
be either attractive or repulsive. Stacking-fault energy strengthening may occur if the 
stacking-fault ribbon width of a split dislocation is different in the matrix than inside the 
particle. If a sheared particle is ordered, an increase in energy stemming from the formation 
of an anti-phase boundary in the sheared particle is known as atomic-order strengthening. If 
the particle size is large (over-aged) it is energetically favorable for a dislocation to bypass an 
obstacle through dislocation bowing and Orowan looping. It has been shown that at a 
critical particle size (peak-aged) a transition occurs between Orowan looping and Friedel 
cutting mechanisms (Figure 6). This means that there is an optimum size of “weak” particle 
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that the critically resolved shear stress decreases above or below this particle size. This is not 
the case for low-temperature strengthening by oxide dispersoids. 
“Strong” obstacles are non-shearable, incoherent particles (e.g. oxide dispersoids). 
Since these particles are impenetrable, Orowan looping is responsible for strengthening at 
all particle sizes. The increase in the critically resolved shear stress (!!CRSS), due to particle 
strengthening effects, therefore decreases hyperbolically with increasing particle size [17]. 
 
 
F igu re  6  -  S chemat i c  o f  pa r t i c l e  s t r eng then ing  fo r  a l l oy s  con ta in ing  sma l l  vo lume  f r a c t ion s  [17 ] .  
 
Care must be taken when using the mathematical equations used in classical particle 
strengthening treatments. For instance the Friedel approximation treats particles as point-
obstacles. This generalization is true for small volume fractions of strengthening particles 
that are widely spaced. For higher volume fractions particles must be treated as extended 
obstacles and the interaction between neighboring dislocation line segments must be 
considered [17]. For this reason specific mathematical treatments, which must be adjusted 
for the specific particle size, spacing, coherency, and composition for a specific application, 
are not included, as they must be optimized experimentally for “weak” particles.  
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Generally speaking, however, for “strong” particles, such as those in ODS alloys, 
low-temperature particle strengthening is enhanced by fine particles with small interparticle 
spacing. Taking into account the interaction between segments of neighboring dislocations 
that are bent around separate particles (dipoles) and the variation in line tension between 
edge and screw dislocations the !!CRSS can be estimated by [28]: 
 
!!!"## !
!!!!"!!"! !! !!
!! !! !
!
!! ! ! !!
 
 
where G is the shear modulus, b the burgers vector, r the dispersoid radius, r0 the 
dislocation core cut-off radius (approx. 2b), ! the Poisson’s ratio (0.30-0.35 for most 
isotropic metals) and ! the mean planar interparticle spacing [22]: 
 
! ! !
!
!
!
! !
!
!
!
! !  
 
where f is the volume fraction of the dispersoid. 
This !CRSS can be used to estimate the yield strength, !y, by use of the Taylor factor 
with the average orientation factor, M (see Table 2) [29]: 
 
!! ! !!!"## 
 
Tab l e  2  -  Y i e ld  s t r eng th  fo r  the  (111)  [ -101]  s l ip  s y s t em ( f . c . c .  c r y s t a l s )  in  mu l t ip l e s  o f  the  c r i t i c a l  
r e so l v ed  shea r  s t r e s s  [29 ] .  (Mod i f i ed  f rom [23 ] )  
Specimen Axis [110] [100] [111] Polycrystal 
Avg. Orientation Factor, 
 
2.45 2.45 3.68 3.06 
 
It can be seen how ODS alloy strength can also be affected by texturing. This 
texturing may be introduced during solidification, consolidation, or thermomechanical 
processing (TMP). Texturing in the <110> or <100> planes is detrimental to strength in 
comparison to a polycrystalline alloy, but texturing of the <111> planes is beneficial. As will 
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be discussed below texturing is usually incorporated in Ni-based ODS alloys to improve 
creep properties. It should be noted that the typical texturing directions [23] of these 
extruded Ni-based ODS alloys are the ‘texture weakened’ <110> and <100>; low-
temperature yield strength is sacrificed for creep strength in this instance. 
ODS alloy strength can also be affected during TMP through the development of a 
sub-grain (cellular) dislocation structure. This sub-grain structure is formed as a result of 
the energy stored during work hardening and the strengthening effect follows the Hall-
Petch relationship at low temperatures but, as will be discussed below, there is disagreement 
over whether this strengthening effect is important at elevated temperatures. 
  
High-Temperature Particle Strengthening and Creep 
Generally speaking the additive alloy strength caused by the Orowan strengthening 
mechanism (!"CRSS) mentioned above will be valid up to the temperature where thermally 
activated diffusional processes begin to alter the particle effectiveness. Typically this 
temperature is given to be between 0.4-0.5 times the melting temperature of a metal. At this 
point there begins to be enough thermal activation for dislocations to bypass particles by 
non-planar climb to a parallel slip plane to continue glide motion. This is shown 
schematically in Figure 7. How the threshold stress, necessary to bypass a particle, is 
calculated is dependent on the strain rate and the particle size distribution and spacing. 
Generally speaking there are two models to describe the process [17]. The local climb 
theory states that the dislocation line segment between particles remains on the original slip 
plane from particle surface to neighboring particle surface. General climb theory accounts 
for the relaxation of line tension that must occur to avoid high angles in the dislocation at 
the particle-matrix interface. An addition to the threshold theory is the effect of the 
particle-dislocation-matrix interface. 
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F igu re  7  -  C l imb  o f  an  edge  d i s lo ca t ion  ove r  a  sphe r i c a l  pa r t i c l e  f rom the  s ide  ( l e f t )  and  top  ( r i gh t )  
v i ews  [17 ] .  
 
Srolovitz et al. [30] introduced the theory that, in the absence of diffusion, the 
particle-matrix interface is strained in the presence of a dislocation. When diffusion allows 
for relaxation of the stress the interface becomes viscous and is free to slip. Due to this 
slippery interface and dislocation strain field relaxation the incoherent particle-matrix 
interface is attractive to dislocations. This results in additional energy required to detach a 
dislocation from the backside of a particle after it has climbed over it as depicted in Figure 8. 
This concept is known as interfacial pinning and has been observed in Ni-based ODS alloys 
such as MA 754 and MA 6000. 
 
F igu re  8  -  S chemat i c  o f  in t e r f a c i a l  p inn ing  a s  a  d i s lo ca t ion  i s  a t t a ched  to  the  back  s ide  o f  pa r t i c l e s  i t  
ha s  a l r e ady  c l imbed  ove r  [17 ] .  
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F igu re  9  -  ( l e f t )  A  compar i son  o f  non-ODS Nimon ic  75  and  ODS MA 754  w i th  the  shaded  r eg ion  
r ep re s en t ing  the  p r ed i c t ed  Orowan  s t r eng then ing  e f f e c t  due  to  the  ox ide s  and  the  r educ t ion  in  
s t r eng th  a t t r ibu t ed  to  d i s lo ca t ion  c l imb-g l ide  [31 ] .  ( r i gh t )  The  pe r c en tage  o f  d i s lo ca t ion s  l ooped  v s .  
a t t a ched  to  pa r t i c l e s  a s  a  func t ion  o f  t empera tu re  o f  de fo rmat ion  fo r  MA 754  compre s s ed  a t  a  s t r a in  
r a t e  o f  10 - 3/ s  [32 ] .  
 
The combination of dislocation climb-glide and the increased effect of interfacial 
pinning is shown in Figure 9. For MA 754 the Orowan strengthening effects were observed 
by Reppich et al. [31] to have been reduced between 600°C and 800°C. Post-creep TEM 
observations by Herrick et al. [32] showed a transition from predominantly looped 
dislocations to predominantly attached dislocations at 760°C. 
Rösler and Arzt have proposed an Arrhenius creep model [18] based on the 
activation energy to detach a dislocation from a particle. This is done to replace the semi-
empirical power-law creep equation that contains the threshold stress, below which creep is 
assumed to be negligible.  
An advantage of this model is it attempts to create a model based on physical 
attributes (particle diameter, volume fraction and particle-matrix interface) rather than 
simply adjusting the traditional power-law creep equation to fit the trend. Unfortunately it 
does so by introducing an adjustable interfacial relaxation parameter, k, that cannot be 
calculated from first principles. Despite this drawback a few large implications from the 
model exist.  
From this model thermally-activated detachment is more probable with small 
dispersoids and, for a fixed volume fraction, larger particles exhibit a smaller Orowan stress. 
Unlike the Orowan strengthening case, where smaller particles are always more 
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advantageous, there may be an optimum dispersoid size that is dependent on the oxide-
matrix interface in the Rösler-Arzt model. Additionally the authors of the model suggest in 
the discussion that particles formed from precipitation may tend towards low-energy, 
strongly-bonded interfaces due to the energy barrier that must be overcome during 
nucleation. They suggest that particles formed from mechanical alloying may exhibit 
stronger attractive particle-dislocation interaction than precipitates and therefore have better 
creep resistance. They further cited unpublished preliminary results by Timmins and Arzt 
that suggested internally-oxidized Fe-based alloys are less creep-resistant than alloys of 
similar microstructure and composition made by mechanical alloying. This work was not 
subsequently published, and is therefore unproven at this point in the literature, but still 
must be considered as a factor for the processing method described in this document. 
Additional high-temperature deformation mechanisms exist that may be considered 
less dependent on the particles themselves than on the bulk material and the ability of the 
oxides to stabilize these intrinsic properties. Diffusional creep processes are dominant at 
primarily lower applied stress than dislocation glide and dislocation climb-glide (power-law 
creep). At moderate temperatures diffusion along grain boundaries, or Coble creep, is the 
dominant mechanism. At higher temperatures bulk diffusion of vacancies towards grain 
boundaries and the associated counter-diffusion of mass towards the tensile regions is 
known as Nabarro-Herring creep. Visualizing the conditions under which different 
deformation mechanisms are most prevalent can be accomplished, as shown in Figure 10, 
through use of deformation maps first introduced by Ashby [33]. It should be noted that 
oxide dispersoids would be expected, fundamentally, to shift the dislocation regimes towards 
higher normalized tensile stress values, creating larger regions of stress where diffusional 
creep is dominant.  
In the low-temperature section above it was stated that grain/sub-grain size affects 
the flow stress of alloys at these temperatures. Wilcox and Clauer [25] observed that while 
this relationship is valid at room temperature there was no relation between grain/sub-grain 
size and yield strength at high-temperatures as shown in Figure 11. Instead they found that 
the grain aspect ratio (GAR), grain length over grain diameter, dictated both the yield 
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strength and the 100-hour rupture strength (Figure 12) at 1093°C. It is important to note 
that in this figure the compositional variations between alloys in do not make a difference 
on the 100-hour rupture strength. The strong dependence of rupture strength on GAR is 
supported by other results [34, 35] and may be supported by the results of Gessinger and 
Mercier [36] who found that the beneficial effects of cold working on the mechanical 
properties disappeared after 100 hours at 700°C with the Fe-based ODS alloy MA 956. 
 
 
F igu re  10  -  De fo rmat ion  map  fo r  pure  n i cke l  [33 ] .  
 
Alternatively Lin and Sherby [37] proposed a phenomenological relationship 
between the stable sub-grain size and the threshold stress. They stated that although a 
duplex microstructure containing subgrain structures in only 20-30% of the material is 
initially present, that the creep process itself provides the necessary dislocations to form a 
subgrain structure in the remaining matrix with little strain. They argue that the GAR effect 
stated by Wilcox and Clauer [25] is really an indicator of the TMP itself, which in turn 
affects the subgrain size and particle morphology. A comparison of the Wilcox-Clauer, Lin-
Sherby and other results for thoriated nickel alloys is shown in Figure 13.  
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F igu re  11  -  Room t empera tu r e  ( top )  and  1093°C  (bo t tom)  dependence  o f  y i e ld  s t r eng th  on  g r a in  and  
sub -g ra in /ce l l  s i z e  fo r  v a r iou s  compos i t ion s  and  the rmomechan ica l  t r e a tment s  [25 ] .  
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F igu re  12  -  E f f e c t  o f  g r a in  a spec t  r a t io ,  L /l ,  on  y i e ld  s t r e s s  ( a )  and  100-h r  rup tu re  s t r e s s  (b )  fo r  
tho r i a t ed  n i cke l  a l l oy s  [25 ] .  
 
F igu re  13  -  Compar i son  o f  s t e ady  s t a t e  c r e ep  fo r  N i  -  20Cr  –  2ThO 2 (wt .%)  a l l oy s  a t  v a r iou s  
t empera tu re s ,  g r a in  s i z e s  and  g r a in  a spec t  r a t io s .  (Mod i f i ed  f rom [37 ] )  
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F igu re  14  -  S chemat i c  o f  c r e ep  mechan i sm  con t r ibu t ion s  to  the  c r e ep  r a t e  o f  po lyc ry s t a l l in e  ODS 
mate r i a l s  [26 ] .  
 
The grain boundary effects, as well as internal effects, on creep in ODS alloys were 
reviewed by Sellars and Petkovic-Luton [26]. Based on the observations of Lund and Nix 
[38], Sellars and Petkovic-Luton stated that the negative side-effect of the grain aspect ratio 
is that the texturing introduced in the extrusion process creates low-angle grain boundaries 
that would be unfavorable sources and sinks for vacancies in diffusional processes as well as 
unfavorable for the grain boundary sliding necessary to maintain continuity [39] and avoid 
fracture in diffusional creep [26]. In summary they identified three primary mechanisms in 
creep of ODS polycrystalline alloys with the total creep rate being given by the sum of these 
independent processes. They also generally identified the conditions in which the 
mechanisms would operate as shown in Figure 14. Dislocation creep (power-law creep or 
climb-glide creep) is dependent on the particle size distribution, interparticle spacing, and 
subgrain structure. Grain boundary sliding assisted by local diffusion and cavity formation 
is dependent on that particle distribution and GAR. Diffusion creep by the Nabarro-
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Herring or Coble creep mechanisms discussed above is dependent on the particle size and 
possibly the grain size and GAR. Generally speaking the creep strength, as dictated by these 
mechanisms, is improved by increased grain size and grain aspect ratios. Attention must also 
be paid to suppressing cavity formation. 
Lastly, Stephens and Nix [24, 40] observed two distinct creep regimes in MA 754. 
At low strain rates low stress exponents and intergranular fracture were observed with the 
grain structure strongly influencing the results. Long fibrous grains performed better than a 
duplex microstructure of primarily coarse grains with pockets of fine equiaxed grains. This 
behavior was attributed to cavity formation at grain boundaries and that the equiaxed grains 
prevented grain boundary sliding leading to fracture. At high strain rates high ductility and 
high stress exponents were attributed to the effects of particle strengthening and dislocation 
creep domination. 
 
2.1.2 - ODS ALLOY DEVELOPMENT HISTORY 
An overview of ODS alloy development is given in Singer and Gessinger [23]. 
Milestones of note are highlighted in Table 3. It can be seen that from 1910 to 1970 a 
breakthrough in ODS processing occurred every 12 to 20 years. The latest potential 
breakthrough occurred 36 years after Benjamin’s development of the mechanical alloying 
process. These chemical reservoir (CR) alloys, produced by the gas atomization reaction 
synthesis (GARS) processing route discussed in this document, have the potential to revive 
the viability of ODS alloys. 
 
Tab l e  3  -  Ma jo r  s t age s  in  the  deve lopment  o f  ODS a l loy  p roce s s ing .  (Mod i f i ed  f rom [23 ] )  
Year Alloy Processing Method 
1910 Ductile tungsten Conventional powder metallurgy (press + sinter + 
 1930 Cu, Ag and Be alloys Internal oxidation 
1946 Sintered aluminum powder 
 
Milling of Al powder with in situ surface oxide 
 1958 Thoria-dispersed nickel 
 
‘Fine’ powder metallurgy 
1970 IN 853 (MA 753) Mechanical alloying 
 2006 Chemical reservoir alloys 
 
Gas atomization reaction synthesis (GARS) 
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2.1.3 - PRIMARY COMMERCIAL NI-BASED ODS ALLOYS 
Extensive reviews of the most commonly produced Fe-based (including MA 956) 
and Ni-based (including MA 754 and MA 6000) ODS alloys were written by Gessinger and 
Bomford [41] in 1974, Singer and Gessinger [23] in 1984, Singer and Arzt [42] in 1986 
and most recently Poole et al. [43] in 1994. Between 1994 and present the majority of 
studies published in the literature were focused on:  
1) optimizing thermal mechanical processing (TMP) to develop a coarse grained 
microstructure with high grain aspect ratio (GAR) (see Section 2.1.1) including 
studies on zone annealing and forging; 
2) erosion/corrosion properties or coatings; or 
3) joining (i.e., brazing, diffusion bonding, HIP bonding, laser welding, etc.). 
The results of these studies do not change the desired microstructural features in pre-TMP 
(i.e., as-consolidated) Ni-based ODS alloys or impact the objectives of this document. As 
such the information presented in the aforementioned reviews is more than sufficient 
background for the purposes of this document and a full review of these alloys will not be 
attempted. Instead a summary of information found in these reviews that is pertinent to the 
current research is presented below.  
 
Structure of ODS superalloys 
Commercial ODS alloys typically contained mixed aluminum-yttrium dispersoids 
(Y3Al5O12) [44] with an average size of 15 to 30 nm and 90-110 nm mean square lattice 
spacing [45-48], grains up to several millimeters in length and grain aspect ratios ranging 
from 5 to 10. Recrystallized textures reported in the literature tend to be <110> for MA 
6000 [42, 46, 49] and <100> for MA 754 [40, 45, 50], which is better for thermal fatigue 
performance [50]. <111> was found to be best for creep resistance in precipitation 
strengthened MAR-M247 single crystals [51]. It should be noted that some commercial 
ODS alloys contain at least 2.5-3 vol.% oxide phase [42, 52] and 50 vol.% !!-precipitates 
[53] while experimental ODS alloys pushed for up to 70 to 90 vol.% !!-precipitates in an 
effort to improve intermediate temperature properties [54]. 
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Consolidation and Thermo-mechanical processing (TMP) 
Mechanically alloyed powders, with their large powder sizes (60-100 !m) lack the 
capillary driving force for sintering, are too hard for cold compaction and temperatures high 
enough to sinter would cause recrystallization and grain growth that would reduce the 
driving force for elongated grains later [23]. The goal for consolidation of powders is to 
control temperature, strain, and strain rate in a manner to create a fine-grained or fine-
grained and cold worked material with ample driving force for recrystallization in 
subsequent thermomechanical steps. 
Extrusion was historically the most common method of creating consolidated billets 
and the factors most important in extrusion are extrusion ratio and temperature. 
Unfortunately the larger the billet is the faster the ram speed required to achieve the same 
strain rate is [23]. Hot isostatic pressing (HIP) was regarded as a potential solution to this 
billet size limit in 1984 yet little is published in the literature regarding HIP of ODS 
materials with a few exceptions [55, 56] for !!-containing alloys.  
HIP, in general, is discussed in a book by [57] and a model used for prediction of 
HIP parameters in this document is found in [58-60]. The model uses micro-mechanistic 
deformation equations developed for densification by plastic yielding, power law creep and 
lattice/boundary diffusion (i.e., Nabarro-Herring and Coble creep). 
Kramer [55] found hardness values, similar to extruded samples, were attainable in 
HIPed samples, but poorer rupture test performance was observed. This was attributed to 
differences in the attainable grain sizes. In the as-consolidated state the HIPed samples 
exhibited a fine equiaxed grain structure and the author had difficulty obtaining high grain 
aspect ratios. HIP consolidation above 1050°C resulted in no recrystallization/grain-
coarsening. The most favorable conditions for grain-coarsening in HIPed samples was found 
to be pre-annealing of the strained MA 738 powder (which would be unnecessary for the 
GARS process outlined in this document) followed by a 1050°C – 1 hour – 200 MPa HIP 
consolidation and 1240°C – 3 min salt bath grain-coarsening anneal. In general was found 
that increasing dispersoid volume fraction and lower post-consolidation anneal heating rates 
hindered grain coarsening. 
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Singer and Gessinger [56] observed finer as-consolidated grain size in HIP samples 
than extruded samples, but still observed that at 1100°C and above recrystallization/grain-
coarsening could not be achieved by post-consolidation annealing treatments. Preheating 
treatments below 1050°C had no effect and those above resulted in fine grains at all 
temperatures. It was observed that only post-consolidation, pre-annealing deformation at 
high strain rates could produce recrystallization upon annealing. 
Singer and Arzt [42] hypothesized that the difficulties in recrystallizing HIPed MA 
powder could be due to lack of chemical, grain size, and !!-precipitate homogeneity. If true, 
these issues should not be a concern  in the GARS processing route, which in itself would 
be a tool for improving the grain structure in ODS alloys. 
Zone (or traveling gradient) annealing has been applied to ODS alloys and it was 
found that increasing the zoning speed or temperature gradient resulted in decreased 
recrystallized grain size [61]. It was also found that increasing the zoning speed decreases 
the resulting GAR and creep performance [62]. Static, isothermal anneals sufficient for 
recrystallization in !!-free ODS alloys are insufficient to produce elongated grain structures 
in !!-strengthened ODS alloys and zone annealing followed by solutionizing and aging for 
!! structure development is required for alloys such as MA 6000 [63]. 
Forging is another consolidation option viable for ODS alloys [63, 64] such as MA 
754, but is more difficult in !!-strengthened ODS alloys that are sensitive to die chilling 
during hot working [63, 64]. 
 
Uses of Ni-based ODS alloys 
MA 754 has been used for shroud band and first stage turbine nozzle vane material 
[43, 63] and for high-temperature test fixtures [65]. Sodium compatibility tests indicate 
that MA 754 may also be suitable for alkali metal heat exchanger pipes in deep space or 
planetary probes [66]. A variant of MA 754 with higher (30 wt.%) chromium content 
known as MA 758 has been used in fuel injection valves, radioactive waste vitrification [67], 
thermal processing, and glass processing industries [65] due to its enhanced glass corrosion 
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resistance [43]. MA 6000 was developed for turbine applications and has been used for first 
and second stage turbine blades [63]. 
 
Drawbacks of MA processing and commercial ODS alloys 
There are a few drawbacks and limitations to the MA-produced ODS alloys. Alloys 
produced by mechanical alloying typically include processing defects such as C, N, or O-
rich stringers [23], which are known to act as fatigue crack initiation sites [68]. Inert gas 
adsorbed during milling can lead to pore formation during grain-coarsening annealing 
treatments [55]. Joining can be an issue as fusion welding can destroy and agglomerate the 
dispersoid phase [69]. !!-containing alloys required zone annealing which was a slow 
process and efforts to produce single crystal MA-ODS blades were unsuccessful [70]. In the 
end MA 754 and MA 6000 lost out to single crystal castings and are no longer in 
commercial production [67], but some of the issues related to contamination and ease of 
thermo-mechanical processing may be alleviated through the alternative gas atomization 
reaction synthesis (GARS) technique discussed in this document. 
 
2 .2  -  GAS ATOMIZATION REACTION SYNTHESIS (GARS) PROCESS DEVELOPMENT 
The GARS process has already been proven viable in Fe-based systems [15] and a 
highlight of the main findings of this ongoing research is provided below. 
2.2.1 - GARS FE-BASED ODS PROCESS DEVELOPMENT 
Initial GARS process development was applied toward Fe-Cr-Y ODS support 
structures for thin film Pd-X hydrogen purification membranes in fossil energy applications 
[71, 72]. Initial trials with mixed Ar-5 vol.% O2 gas experienced premature “freeze-off” 
which was attributed to excess oxygen dissolution causing high local melt viscosity at the 
melt delivery orifice [72, 73]. This led to the development and use of the downstream 
reactive-gas injection “über halo” [72]. (This downstream injection technique is analogous 
to the injection technique used for the atomization experiments in the current document 
(Chapter 5).) They found that downstream oxygen injection resulted in a significant 
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reduction (~25 times) in the in situ surface oxidation when compared to oxygen injection in 
the atomization gas manifold. They also observed metastable Cr2O3 surface oxide formation 
and with internal Fe17Y2 intermetallic formation as opposed to the thermodynamically 
favored Y2O3 oxide. After heat treatment a reduction in surface Cr2O3 prior particle 
boundary oxide, as compared to the as-HIP consolidated state, was observed as well as 10-
100 nm diameter mixed yttrium-chromium oxide dispersoids [72]. 
Rieken et al. [15, 74] then applied the internal oxidation models developed by 
Wagner [75] and Rapp [76] to model the kinetics of the oxygen exchange reaction in 
consolidated and heat treated Fe-Cr-Y samples. They also experimentally determined the 
kinetics of the exchange reaction using Fe-Y Rhines pack internal oxidation measurements. 
(This method is outlined and applied to the current work in Chapter 3.) It was determined 
that the theoretical heat treatment times calculated from Wagner’s model likely significantly 
under-predict the heat treatment necessary for full dissociation of the prior particle 
boundary oxide and formation of the internal dispersoid phase.  
Early chemical reservoir (CR) alloys varied in the yttrium-to-oxygen (Y:O) ratio. It 
was found with Fe-Cr-Y alloys CR-96 and CR-112, and a Fe-Cr-Y-Ti CR-118 alloy, that 
control of this initial Y:O ratio is critical in controlling the final equilibrium microstructure; 
too high Y:O resulted in residual Fe17Y2 and too low Y:O resulted in remaining prior 
particle boundary oxide. Both conditions detract from the mechanical properties by serving 
as fracture initiation sites in high temperature tensile tests [15, 77, 78]. The addition of 
titanium was shown to alter the resulting dispersoid composition from a mixed (Y,Cr)2O3 to 
Y2Ti2O7. 
The addition of tungsten, as a solid solution strengthener, to CR-126 (Fe-Cr-W-Y-
Ti) appeared to reduce the amount of solute trapped yttrium in the as-atomized powder 
[14, 15], but did not seem to alter the dispersoid composition. Surface enrichment of O, 
Cr, and some Y or Ti was observed with Auger electron spectroscopy (AES) depth profiling 
on as-atomized powder, but no crystalline reflections were observed using high-energy X-ray 
diffraction (HE-XRD) which was said to be evidence that the surface oxide may be 
amorphous. It was hypothesized that the effect of alloy chemistry on surface oxide 
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composition was related to the relative surface activity of Y in relation to the other reactive 
elements (Cr and Ti). Also, it was suggested that limiting the Y content in the melt was 
critical to promoting kinetically favored metastable oxide (Cr-enriched) oxide formation 
instead of the thermodynamically favored oxide (Y-enriched). 
Further analysis was performed on the Fe-Cr-Y-Ti CR-118 alloy and compared to 
new Fe-Cr-W-Y-Hf CR-144 and Fe-Cr-Y-Hf CR-156 alloys [16, 79, 80].  For the CR 
alloys in the as-atomized condition !-Fe plus intermetallic was identified. A ternary 
intermetallic Fe11TiY was identified for the Ti-containing CR-118 while Fe2(Hf,Y) and 
Fe17(Hf,Y)2 were identified for the Hf-containing CR-144 and CR-156. For CR-156 it was 
also found that (1) intermetallic size and spacing decreased with particle size and (2) 
intermetallic segregation was not detected in particles <5 µm suggesting rapid solidification, 
significant solute trapping, and effective homogeneous nucleant isolation [16].  A region 
near the surface was also found to be slightly denuded of Fe and Cr, as well as slightly 
enriched in O. Upon consolidation the Cr-enriched surface oxide transformed to Ti-
enriched oxide in the Ti-containing alloy, but remained unchanged in the Hf-containing 
alloys. The transformation from the metastable Cr-enriched surface oxide to a more 
thermodynamically favorable, yet still metastable, Ti-enriched prior particle boundary 
(PPB) oxide could reduce the driving force (i.e., !GfCraOb"YxOy > !GfTiaOb"YxOy ) for surface 
oxide dissociation and internal oxidation of the Y-enriched intermetallic phase. This would 
significantly decrease kinetics of this oxygen exchange reaction and require longer heat 
treatment times. With subsequent heat treatment, nanometric Y-Ti-enriched cuboidal 
oxides were observed in Cr-118 and were more evenly spaced than the CR-144 and CR-156 
alloys in which the more spherical Y-Hf-enriched oxides formed near prior as-solidified cell 
boundaries. A composition dependence of these Y-Hf oxides was also noted where Y:Hf 
ratios less than 1 resulted in HfO2 doped with Y and Y:Hf ratios grater than 1 resulted in 
Y2O3 doped with Hf. It was also discussed that the spherical morphology of these Hf-
containing dispersoids suggest incoherency between the oxide and the !-Fe matrix while the 
cuboidal Ti-containing oxides were a result of a Kurdjumov-Sachs orientation relationship, 
influenced by lattice coherency between the dispersoids and !-Fe matrix.   Ti-containing 
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dispersoids were found to be larger on average (~30-50 nm mean crystallite size) than the 
Hf-containing oxides (~10-25 nm mean crystallite size). Classical volume-controlled [75, 
81] and multicomponent coarsening [82] theories were used to illustrate how the group IV 
elements (Ti or Hf) must be the rate limiting element in coarsening as dispersoid size 
should be comparable if Y was rate limiting. This line of reasoning was supported by relative 
diffusion rates (i.e., DTi > DHf). Overall, for the Hf-containing CR-156 the size and spacing 
of the dispersoids mimicked that of the as-solidified intermetallic which was in turn 
reasoned to be controlled by particle size as well as solidification and cooling rates [16]. 
Also, thermo-mechanically processed post-heat-treated powder was able to achieve hardness 
values comparable to commercially produced MA ODS alloys MA 956 and PM 2000. 
Processing-related observations relevant to the current Ni-based ODS research were 
also made. It was observed that the resulting oxygen content of the as-atomized powder was 
linearly related to the concentration of O2 in the atomization gas [79]. However, it was 
deemed that the as-atomized oxygen content was more dependent on the reaction 
temperature (i.e., the amount of time a powder is allowed to cool before oxygen is injected 
downstream) based on the work with the “über halo”  [79]. Likewise particle cooling rate 
(which is inversely related to particle size) affects the oxidation reaction and the thickness of 
the as-atomized oxide thickness was found to increase with particle size [16]. These findings 
led to the development of a model, based on solidification and oxidation kinetics, for 
predicting surface Cr2O3 thickness of GARS powder as a function of alloy composition, 
particle size, and partial pressure of oxygen for the atomizing gas [15, 83]. An interesting 
result of this model is that it predicted that the oxidation reaction primarily occurs while 
the droplet is molten, but the model only accounts for smaller particles (<50 µm) that do 
not rise above the solidus temperature, due to recalescence, as larger particles do. There are 
also a few relevant research developments from an alloy design perspective that, although 
are not essential for this document, are important to consider for long-term consideration of 
this system. 
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2.2.2 - OTHER RECENT ODS/ALLOYING CONSIDERATIONS 
The alloying additions of Ti and Hf were used limit Y-enriched oxide dispersoid 
coarsening based on work by Uchida et al. [84] where coupled multicomponent diffusion 
may be required [15]. However, it was found that in Al-containing systems that Ti is unable 
to prevent the formation of Y-Al oxides that are known to coarsen rapidly and are less 
preferred than the Y-Ti oxides. Use of Hf is supported by work in the Co-Al [85] and Fe-Al 
[86] ODS systems where Hf was found to reduce dispersoid size and/or avoid Al-containing 
dispersoids.  
 
2.2.3 - GAS ATOMIZATION 
General reviews of gas atomization, and atomization in general, have been reported 
in books [19, 87, 88] and theses [89, 90]. Information regarding atomization in general 
and, more specifically, as it relates to the current research is presented below. 
Gas Manifold Varieties 
There are two main gas atomization nozzle reported in the literature: free-fall and 
close-coupled. These are shown in Figure 15. 
In free-fall atomization a molten metal stream falls a certain distance before being 
met by an impinging gas stream. Since there is a gap between the melt and gas delivery 
nozzles there is little concern of back-streaming from overambient melt tube pressure 
(discussed in Section 2.2.5) or freezing and thermal shock caused by the cooling effects of 
the gas on the melt tube. The tradeoff for these benefits is that by the time the gas has 
traveled far enough to meet the metal stream it has less kinetic energy (i.e., lower velocity) 
which significantly reduces the yield of fine powder [87] which is desirable for many 
applications and especially for this research. Therefore close-coupled gas atomization was 
utilized in the atomization trials in Chapter 5. 
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F igu re  15  -  Ba s i c  g a s  a tomiza t ion  nozz l e  con f i gu ra t ion s :  f r e e - f a l l  ( l e f t )  and  c lo s e - coup l ed  ( r i gh t )  
[91 ] .  
 
In close-coupled gas atomization the molten metal is fed through a ceramic metal 
delivery tube to the inner diameter of the (usually circular) gas nozzle exit. In this 
configuration the melt can interact with a higher velocity gas (when compared to free-fall 
nozzles). In pre-filming atomization nozzles, such as that shown in Figure 16, a recirculation 
zone causes the melt to wet the bottom of the melt delivery tube, delivering it to the 
periphery where it is directly sheared by the high kinetic energy gas flow. For this reason 
close-coupled atomization nozzles tend to be favored when fine powder is desired [87]. One 
of the drawbacks of this design is a possible over-ambient condition caused by improper gas 
pressure/nozzle geometry pairing or through the formation of a crown (a buildup of 
solidified metal that grows from the melt tip) that can alter the gas structure [87]. 
Atomization Mechanisms 
There are several different atomization models that have been proposed based on 
results in fuel-spray and metal atomization research.  
One such basic atomization model was depicted by Dombrowski and Johns [92] and 
involved growth of an instability wave to the point where the instability overcame surface 
tension effects to form filaments and subsequently spheroidized, as shown in Figure 17.   
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F igu re  16  -  S chemat i c  o f  a tomiza t ion  in  a  p r e - f i lm ing  c lo s e - coup l ed  con f i gu ra t ion .  ( [87 ]  ba s ed  on  
[93 ] )  
 
 
F igu re  17  -  L iqu id  shee t  d i s in t eg r a t ion  in  a tomiza t ion  [92 ] .  
 
Research performed at NASA by Inegbo on the breakup of liquid streams resulted in 
a model that indicates the effect melt film thickness can have on the resulting mean droplet 
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(powder) size [94]. The model states that the mean droplet diameter Dm from a liquid 
stream of orifice diameter D0 can be calculated from Equations 1 and 2: 
 
  
 
where We = !aD0Vr2/!, Re = D0Vr/!, Vr and !a are airstream relative velocity and density, 
respectively, and ! and ! are surface tension (relative to air) and kinematic viscosity of the 
liquid, respectively with Vr = Va-VL, the mismatch between gas and liquid velocities.  To 
illustrate this effect a plot [95] of mean droplet diameter versus Mach number for molten 
Ni in Ar with varying film thicknesses is given in Figure 18. It can be seen that droplet 
diameter decreases with melt film thickness, as expected. 
 
 
F igu re  18  -  Example  o f  c a l cu l a t ed  mean  d rop l e t  d i amete r  v s .  Mach  number  fo r  v a r iou s  f i lm  
th i ckne s s e s  o f  mo l t en  Ni  a tomized  by  Ar  u s ing  c ap i l l a r y  and  wave  b r eakup  mode l  [94 ] .  F igu re  i s  
r ep roduced  [95 ]  w i th  da t a  f rom va r iou s  au thor s  compi l ed  in  r e f e r ence s  [96 ,  97 ] .   
 
The most well known empirical model is that of Lubanksa [98] which is: 
 
Capillary Wave Breakup           D0Dm
= 0.21 WeRe( )0.25       for WeRe < 106
Acceleration Wave Breakup     D0Dm
= 0.027 WeRe( )0.4      for WeRe > 106
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In this equation the mean particle size, Dm,50 is dependent on a few variables. K is an 
atomizer specific constant, usually between 40 and 50 [92], !  is a length scale (such as 
internal pour tube diameter or film thickness), We is the Weber number (a relation of gas 
inertia and melt surface tension), ! is the kinematic viscosity, !m the mass flow rate, !  the 
gas density, U the gas velocity, ! the melt surface tension and subscripts m and g denoting 
metal or gas. This relation works well in some cases and not in others. This topic is 
discussed in [87] and suggests an alternative form of Wigg’s equation for certain situations.  
The main takeaway point for the purposes of this research is that particle size is 
highly dependent on gas velocity, gas-to-metal ratio (G/M) of mass flow rates, and melt film 
thickness (for pre-filming) or internal pour tube diameter (for non-prefilming). Among 
others, there are two tools for controlling the melt filming, and therefore powder size: 
internal and external pour tube geometry.  
2.2.4 - POUR TUBE GEOMETRY 
Internal Melt Feed Tube Geometry 
It has been shown, Figure 19, via water analog modeling [95] that a slotted trumpet 
pour exhibits the most uniform and stable filming.   
Analysis of powder size distribution from inert gas atomization trials [99] also 
showed that a slotted trumpet bell pour tube appears to promote melt filming while 
reducing melt flow variability resulting in a reduction in mean particle diameter (d50) with a 
tighter standard deviation (d84/d50) when compared to a straight bore internal pour tube 
geometry for example. However, it was discovered that the use of a trumpet bell internal 
geometry with reactive-gas atomization of Fe-based ODS alloys did not offer a reduction of 
the particle size distributions in comparison to straight cylindrical bore pour tube [100]. It 
was hypothesized that increased oxidation prior to atomization increased the melt viscosity 
and hindered atomization [100]. Based on the recommendation of this work [100], the 
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current study utilized a straight bore pour tube for the experiments. It should be noted, 
however, that recent computational fluid dynamics (CFD) results indicate that the internal 
geometry can effect the gas-only recirculation zone length and wake closure pressure [101] 
while others previously noted that the internal diameter of the feed tube had no significant 
effect on the aspiration pressure [102, 103]. (These topics are covered in the following 
section).  
 
 
F igu re  19  -  Cro s s  s e c t iona l  d i ag r am o f  pour  tube  g eomet r i e s  w i th  a ccompany ing  in i t i a l  ( t=0 )  and  
more  'd eve loped '  f l ow  ( t>0 )  [95 ] .  
 
Just as the literature was consulted for internal geometry selection it was also useful 
for selecting the external geometry as it is important to understand the relationship between 
the melt pour tube exterior and the gas flow of the operating nozzle. While the internal 
pour tube geometry is expected to primarily affect how the melt is fed to the atomization 
zone, the external geometry is expected to primarily affect the gas flow itself. As such it is 
t = 0  
Straight 
Bore 
Trumpet 
Bell 
Slotted 
Bell 
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%&'()*+ 
7° Conical 
t > 0  
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important to understand the gas dynamics of an atomization gas nozzle before reviewing the 
effects of the melt feed tube external geometry on the gas behavior.  
 
  
F igu re  20  -  Gas  f l ow  ana ly s i s  by  Method  o f  Charac t e r i s t i c s  w i th  s chemat i c  r ep re s en ta t ion  o f  shock  
fo rmat ion  ( l e f t ) .  Gene ra l i z ed  a sp i r a t ion  cu rve  showing  the  p r edominan t  f e a tu r e s  marked  a s  “ a ” ,  “b” ,  
“ c ” ,  and  “d”  wh ich  co r r e spond  to  unde rexpanded  j e t  f l ow  f e a tu r e s  c a l cu l a t ed  to  be  p r e s en t  a t  the  
me l t  tube  co rne r  a t  tho se  p r e s su r e  r a t io s  [104] .  
 
2.2.5 - OPERATING PRESSURE 
Aspiration Base Pressure and the Wake Closure Phenomena 
Melt tube orifice aspiration (or base) pressure is typically measured as a function of 
gas manifold pressure to ensure gas nozzle operating pressures do not create an over-ambient 
base pressure condition. This condition could result in extremely undesirable back-
streaming [105-109] that may cause the melt to freeze off in the tube or gas to bubble up 
through the tundish. Espina et al. used the method of characteristics to calculate the 
position of expansion and reflection waves with respect to the end of a pour tube to explain 
the general features observed in an aspiration pressure experiment [104] (Figure 20). This 
includes the overambient aspiration condition “a” and the subambient conditions “b”, “c”, 
and “d”. Acceptable operating manifold pressures (Po/Pr) therefore provide subambient base 
aspiration pressure (Pdt/Pr), avoiding overambient condition “a”. Additionally, several 
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researchers [104, 110-115] have reported producing the finest mean particle diameter by 
operating their close-coupled atomizers at a pressure that exhibits the deepest aspiration 
(known as the wake closure condition), which is represented by condition “c” in Figure 20. 
Ting et al. further explained the aspiration behavior by observing decreasing aspiration 
pressure (more subambient) when a Prandtl-Meyer expansion wave was near the corner of 
the pour tube while exhibiting increasing aspiration pressure (more overambient) when a 
Prandtl-Meyer compression wave was in that location [116]. This high velocity condition at 
the pour tube corner at low aspiration values may provide insight to those reports, discussed 
below, of finer particle size distributions at aspiration minimums. 
A few models of note have been proposed to explain the drastic change in mean 
particle diameter when operating at the wake closure pressure. 
One model involves a two-stage breakup [117, 118]. At all operating pressures the 
secondary breakup mechanism is proposed to act as in free fall atomization and cause 
breakup at the gas angle apex where it intersects the melt stream (or further disintegrate 
ligament/droplets if primary atomization occurs). At wake closure pressures and above, the 
primary breakup mechanism occurs at the melt tip where the melt films out to meet the 
surface of the “aspiration cone”, meeting the gas flow and forming a sheet of metal, which is 
broken up via ligamentation. Additionally, the formation of a shock structure well 
downstream of the stagnation point is said to further aid secondary disintegration [118]. 
Reports from high speed imaging studies indicate that various secondary breakup 
mechanisms are vastly more important than the primary breakup mechanism in affecting 
the resulting droplet size distribution of several close-coupled gas atomization processes 
[117, 118]. A few studies have questioned this conclusion however [99, 114].  
Ting et al. proposed a “pulsatile atomization model” as an attempt to explain why 
some atomizers operating at wake closure pressure experience an increase in melt flow rate 
with a corresponding decrease in the gas-to-metal ratio (G/M) while other atomizers 
experience the opposite trend [114]. The explanation of the model, in short, is that the 
introduction of the melt into the system greatly affects the gas dynamics. The pulsatile 
model can be summarized in two regimes: the subambient/aspirating condition and the 
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overambient condition. In the initial subambient regime the melt is drawn out, interacts 
with the gas and films out creating a conical melt shell. This melt shell disrupts the Mach 
disc allowing high gas pressure to enter the recirculation zone, momentarily slowing (or 
possibly halting) the melt stream. This is the second near or overambient regime, which 
exists until the shock structure downstream redevelops and subsequently returns the system 
to the first regime to continuously repeat. This research placed emphasis on the pre-filming 
process in determining the resulting mean particle diameter, which is in line with the 
aforementioned wave/capillary breakup model by Inegbo [94]. 
External Melt Feed Tube Geometry 
There have been a few studies reported in the literature regarding the effect of pour 
tube external geometry on gas atomization performance [103, 109, 110, 112, 116, 119, 
120] and still others for fuel spray applications. 
Anderson et al. tested four external geometries, shown in Figure 21. They found that 
flush and non-matching (nozzle apex angle < pour tube apex angle) geometries failed to 
produce subambient pressures when used with the HPGA nozzle consisting of coaxial 
discrete convergent jets. Although straight wall cylindrical pour tubes (such as those used in 
works involving Ünal style nozzles) produce deep, stable aspiration it is also inefficient at 
producing fine powder [112]. This is due to the direct impact of the gas flow with the side 
of exterior of the pour tube; a situation that obviously results in high losses of kinetic 
energy when compared to non-interfering geometries [103]. 
Recent computational fluid dynamics (CFD) modeling and atomization trials by 
Aydin and Ünal revealed that a non-matching (nozzle apex angle < pour tube apex angle) 
geometry pour tube caused boundary layer separation and a recirculation zone at the melt 
periphery which caused melt ‘lick-back’ and crown formation which can lead to melt freeze 
off [121]. 
Veistinen et al. performed aspiration testing on a matrix of pour tube diameters, 
external angles and extensions [103]. Unfortunately the results are reported as aspiration 
pressure versus extension length at limited pressure settings which, with the aspiration 
versus manifold pressure trends described in the previous section, may provide an 
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incomplete picture of the effects overall just as the aspiration curves for single extension 
lengths might. That being said several very interesting observations were made. It was found 
that interference pour tubes (nozzle apex angle > pour tube apex angle) caused overambient 
aspiration pressures at all positions and pressures tested. They also stated that there was no 
advantage to tapered/angled pour tube geometries over a straight wall cylindrical geometry, 
but only report results of one low test pressure for frusto-conical (fc) or truncated plug 
configurations such as those reported by Anderson et al. and discussed above. Overall, they 
did report a relevant trend of decreasing overambient pressures with decreasing tapered tip 
length, which has been supported elsewhere in the literature [119, 120, 122, 123]. Another 
interesting result was for the case of the straight-walled cylindrical pour tube it was observed 
that minute misalignments (0.5-1.0 mm) in the position of the pour tube cause significant 
changes (2.5-3 psi) in aspiration pressure and, separately, that mismatches in the lengths of 
ceramic pour tubes and metal sleeves surrounding them can cause similar effects. Small 
changes in pour tube length were separately reported to significantly affect the resulting 
melt flow rate [124].   
 
 
F igu re  21  -  E f f e c t  o f  e x t e rna l  pour  tube  geomet ry  on  a sp i r a t ion /me l t  o r i f i c e  p r e s su r e  fo r  (1 )  f lu sh ,  
(2 )  s t r a i gh t -wa l l ed  cy l inde r ,  (3 )  non -match ing  con i ca l  and  (4 )  ma tch ing  con i ca l  g eomet r i e s  [110] .  
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2.2.6 - SOLIDIFICATION 
Solidification under global and local equilibrium conditions 
Descriptions of equilibrium solidification can provide a fundamental basis from 
which to expand to the non-equilibrium conditions seen in most ‘real world’ settings. A 
brief description of these concepts is provided below, but a full-description of these 
concepts can be found in many resources [125-127]. 
In general the thermodynamic balance between the chemical potential of the liquid 
and the chemical potential of the solid determines the composition and phase selection 
during solidification. This balance in Gibbs free energy of the components varies with 
composition and temperature and is most conveniently depicted in a phase diagram such as 
the binary phase diagrams for Ni-Cr and Ni-Y shown in Figure 22. These same diagrams are 
useful tools for predicting the results of solidification as well. This is depicted in Figure 23 
for a metal of initial composition C0. At the liquidus temperature, TL, the composition of 
the liquid, CL(L), is equal to C0, but the equilibrium composition of the solid, CS(L), contains 
less solute and some solute is rejected into the liquid as cooling continues. At temperature 
T2 (< TL) under equilibrium conditions the composition of the solid has increased to CS(2) 
and the liquid to CL(2), although there is now less liquid remaining than at TL. At TS (< T2 < 
TL) the last of the liquid, which has an increased composition of CL(S), is converted into 
solid, which has reabsorbed all of the previously rejected solute and returned the initial 
composition to C0. 
In the ideal equilibrium scenario described above the assumption is that the 
solidification interface moves slow enough that (1) rejected solute is completely mixed into 
the remaining liquid and (2) diffusion of the solute in the solid is rapid enough to reach 
equilibrium before the next incremental temperature drop occurs. In reality these 
assumptions cannot be completely met, as diffusion in the solid is generally too low to 
accomplish this.  
In a slightly less ideal case local equilibrium is maintained at the solid-liquid 
interface; diffusion in the solid does not occur, but diffusion in the liquid happens fully. In 
this case the composition of the solid will gradually increase with the fraction of solid until 
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the final stage of solidification when each increment of rejected solute into the small 
remaining volume of liquid causes a significant increase in the liquid composition and 
resulting solid composition. This condition is usually described by the non-equilibrium 
lever rule or the Scheil equations [127] and is depicted in Figure 24. It can be seen that a 
majority of the solid is solute lean in relation to the initial composition C0 while the final 
solid to freeze is rich in solute. 
A third scenario is one where mixing in the liquid is insufficient and the 
concentration of solute in the liquid is dictated by the ability of the solute to diffuse away 
from the advancing solid-liquid interface. As in the ideal case the initial solid forms with a 
composition of CS(L) and rejects solute into the liquid. Unlike the ideal case, but similar to 
the first non-ideal case above, however, this solid will not eventually return to C0 as 
solidification progresses. In this scenario solidification will progress and the composition of 
the solid will follow the solidus line until enough solute is rejected into the liquid to bring 
the composition of the liquid to CL(S). At this point the solid and liquid will reach a steady-
state equilibrium with solid composition C0 and liquid composition CL(S). Near the 
completion of solidification the solute-enriched region in front of the advancing 
solidification front will encounter the end of the volume and the excess solute will be 
unable to diffuse away from the solid-liquid interface. This solute pile-up in the liquid 
during the terminal transient stage will cause solute-rich solid to be formed. The resulting 
concentration profile in the solid is shown schematically in Figure 25. 
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F igu re  22  -  Equ i l ib r ium pha se  d i ag r ams  fo r  N i -Cr  ( top )  and  Ni -Y  (bo t tom)  w i th  ind i c a t ion s  o f  
approx imate  compos i t ion s  u s ed  in  th i s  document  [128] .  
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F igu re  23  -  So l id /L iqu id  Equ i l ib r ium fo r  coo l ing  o f  me ta l  o f  compos i t ion  C 0.  (Ba s ed  on  [126] )  
 
 
F igu re  24  -  Compos i t ion  p ro f i l e  a t  the  eu t e c t i c  t empera tu re  and  be low  fo r  no  d i f fu s ion  in  so l id  and  
fu l l  d i f fu s ion /mix ing  in  l iqu id .  (Ba s ed  on  [127] )  
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F igu re  25  -  Concen t r a t ion s  in  in i t i a l  and  t e rmina l  t r an s i en t s  fo r  p l ana r  f ron t  so l id i f i c a t ion  a s suming  
no  d i f fu s ion  in  so l id  and  no  mix ing  in  l iqu id .  (Ba s ed  on  [125]  and  [127] )  
 
The solute pile-up in front of a planar solid-liquid interface causes a change in the 
equilibrium liquidus temperature ahead of the interface and if the thermal gradient in the 
liquid ahead of the interface is insufficient to compensate for this solutal effect, 
constitutional supercooling is said to occur. This situation is depicted in Figure 26 and it can 
be seen that the liquid in the schematic is at a temperature below that of the equilibrium 
liquidus temperature for that composition. This situation provides driving force for 
instabilities, in the form of perturbations from the planar solidification front, to grow 
provided that the tip of the perturbation continues to be in a region where the temperature 
of the liquid, TL(x), is at or below the equilibrium liquidus temperature, Te(x), for the 
composition of the melt, CL(x), at that point x. These perturbations are the basis for the 
formation of cellular or dendritic microstructures and the two phase (solid + liquid) mushy 
zone [125-127].  
Many factors affect the growth of cellular or dendritic morphologies and Kurz and 
Fisher is an excellent first resource for the simple quantitative expressions for these 
relationships [126]. 
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F igu re  26  -  Cause  o f  con s t i tu t iona l  supe rcoo l ing  ahead  o f  p l ana r  f ron t .  (Ba s ed  on  [127] )  
 
Metastable and non-equilibrium rapid solidification 
The previous section discussed solidification as it related to global or local interfacial 
equilibrium. As shown in Table 4, as the solidification rate and undercooling increase 
solidification transitions into regimes that cannot be defined by traditional equilibrium 
phase diagrams. These rapid solidification conditions were thoroughly reviewed by 
Boettinger and Perepezko [129], and by Kurz and Fisher [126], so highlights of these texts 
will be offered as an overview of principles.  
The first regime, of metastable local interfacial equilibrium (III), is present in rapid 
solidification conditions where the free energy is still reduced, but does not reach the global, 
thermodynamic equilibrium. This can be thought of in terms of situations of complex 
crystals that have difficulties with nucleation and/or competitive growth (shown in Figure 
27, and discussed in the following subsection) at rapid solidification velocities and can be 
represented with metastable phase diagrams [129]. These metastable phase diagrams may be 
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simply thermodynamic phase diagrams with extended liquidus and solidus lines below 
eutectic temperatures or they can even be diagrams with equilibrium phases completely 
removed; the metastable phases can either be alternate crystal structures, compositions, 
morphologies, non-equilibrium phases, or off-stoichiometric solid-solutions. 
 
Tab l e  4  -  H ie r a r chy  o f  equ i l ib r ium.  (Ba s ed  on  [129] )  
 
  
A common feature found in metastable phase diagrams is that of a T0 curve which 
demarcates metastable local interfacial equilibrium (III) from partitionless, interfacial non-
equilibrium (IV).  If an alloy melt is undercooled and subsequent nucleation occurs below 
this partitionless temperature T0 the growth velocity of the interface is thought to be 
traveling faster than the solute atom exchange between the solid and liquid at the interface 
[126]. In other words the interface travels farther than approximately one interatomic 
dimension, per unit time, than the solute atom can in the liquid; the solid does not have 
time to reject the higher solute to maintain equal chemical potentials between the solid and 
liquid at the interface. This is known as solute trapping and the composition of the 
In
cr
ea
sin
g 
So
lid
ifi
ca
tio
n 
R
at
e/
U
nd
er
co
ol
in
g 
I. Full Diffusional (Global) Equilibrium 
A. No chemical potential gradients (phase compositions are uniform) 
B. No temperature gradients 
C. Lever rule applicable 
 
II. Local Interfacial Equilibrium 
A. Chemical potential continuous across the interface 
B. Phase diagram gives compositions and temperatures only at liquid-solid 
interface 
C. Corrections made for interface curvature (Gibbs-Thomson Effect) 
 
III. Metastable Local Interfacial Equilibrium 
A. Important when stable phase can not nucleate or grow sufficiently fast 
B. Metastable phase diagram (true thermodynamic phase diagram) gives 
the interface conditions 
 
IV. Interfacial Non-equilibrium 
A. Phase diagram fails to give temperature/compositions at interface 
B. Chemical potentials are not equal at interface 
C. Free energy functions of phases still lead to criteria which predict 
impossible reactions 
 44 
resulting solid is the same as that of the liquid [126]. Despite the loss of interfacial 
equilibrium Baker and Cahn [130] showed that it is still possible to use thermodynamic 
treatments, which require a reduction of enthalpy, to define which solidification products 
are allowed and which are impossible from a free energy standpoint. 
 
F igu re  27  -  S chemat i c  r ep r e s en t ing  the  low- t empera tu re  f avo rab i l i t y  o f  the  meta s t ab l e  fo rmat ion  o f  
be t a  f rom the  l i qu id  (L )  wh ich  ove r comes  the  ( a )  the rmodynamic  s t ab i l i t y  o f  a lpha ,  due  to  the  (b )  
enhanced  nuc l e a t ion  o f  be t a ,  and  ( c )  compe t i t i v e  g rowth  o f  be t a  ove r  a lpha  a t  l ower  t empera tu r e s  
[129] .  
Nucleation and Growth Kinetics 
In order to achieve the metastable or solute trapped phases described above it is 
imperative to either (1) promote formation of the desired phases through nucleant catalysts, 
(2) remove catalysts that favor nucleation of the undesired (in this case) equilibrium phase, 
and/or (3) rapidly cool the liquid metal to a low enough temperature to where the 
nucleation and growth kinetics favor the desired (in this case) metastable phase. This is the 
case depicted schematically in Figure 27. 
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In an ideal undercooling scenario all catalytic nucleation sites would be removed 
from a volume of metal and homogeneous nucleation would be said to have occurred. This 
is not the case in most processing conditions and heterogeneous nucleation is initiated at a 
catalytic site in the bulk of the volume or on the exterior surface [129]. These catalyst sites 
may include internal oxides, foreign inclusions, surface oxides, impurity aggregates, or 
container walls [131]. 
Reviews of the classical mathematical descriptions of the nucleation rate, under 
different scenarios, and the impact of catalytic potency on nucleation, are offered in several 
works by Perepezko [129, 131, 132]. Generally speaking, the nucleation must overcome the 
balance between surface tension and volumetric free energy of formation effects. A catalyst 
for nucleation may promote formation of crystals by exhibiting the behavior where a 
nucleant-liquid interface requires more energy than a nucleant-solid interface. This can 
occur due to: low disregistry orientations between the nucleant and solid lattices, chemical 
interaction, electronic interaction, interfacial compound formation or absorbed reaction 
layers which have all been experimentally associated with increased undercooling values 
[131]. This is in addition to the factors known to influence the wetting characteristics such 
as “surface roughness, substrate porosity, temperature, and adsorption phenomena induced 
by increased chemical affinity at the interface or impurity effects in the liquid and 
surrounding atmosphere” [131]. A general summary of the effects of different parameters on 
the undercooling is given in Table 5. 
The increased undercooling due to powder size refinement is due to mote isolation 
where, for a given number of nucleants in a volume metal, the fraction of nucleant free 
subdivisions of the melt increases [133]. The cooling rate increase serves to alter the 
nucleation kinetics such as those depicted in the familiar continuous cooling transformation 
(CCT) diagrams. The effect of composition on undercooling is that the nucleation 
temperature generally follows the trend of the liquidus line and therefore undercooling is 
usually independent of composition. The factor most interesting to the current research, 
however, is that of the surface coating effect. 
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As the particle size is reduced and internal nucleants are isolated to smaller fractions, 
the undercooling limit of a powder particle becomes highly dependent on the catalytic 
nature of the surface coating [134]. In order to encourage wetting and reduce potency of 
surface sites Perepezko et al. proposed non-crystalline surface coatings with complex and 
bulky structures [132]. Li et al. created a model for calculating CCT curves (Figure 28) for 
surface and internal nucleation of Sn-Pb as a function of powder size and partial pressure of 
oxygen in the atomizing atmosphere [135]. This was based on prior results that found that 
the nucleation temperature increased with increasing oxygen content [136]. This oxygen 
partial pressure effect on undercooling was also observed for pure molten Ni in contact with 
Al2O3 and ZrO2 substrates where a maximum undercooling was achieved at pressures just 
above the equilibrium partial pressures PAl/Al2O3 and PZr/ZrO2, respectively, and decreased at 
higher and lower oxygen contents [137]. The substrate choice and crystallographic 
orientation were not observed to have an impact on undercooling, in spite of lattice 
disregistry differences, but only the oxygen partial pressure had an impact on the 
undercooling. These results were in line with prior results [138, 139] for molten iron. 
 
Tab l e  5  -  Undercoo l ed  me l t  p roce s s ing :  powder s .  (Ba s ed  on  [129] )  
Parameter Undercooling response Remarks 
Powder Size Increased !T with size refinement 
at constant !T !
Nucleant isolation follows Poisson 
statistics 
Powder coating Function of coating structure and 
chemistry; major effect in limiting 
undercooling of the finest 
powders 
Most effective coating is 
catalytically inert; !T in nucleation 
is usually heterogeneous 
Cooling rate !T generally increases with 
increasing !T  
Changing !T  can alter the operative 
nucleation kinetics 
Melt superheat System specific Appears to be related to coating 
analysis 
Alloy 
composition 
TN follows trend of TL Melt purity not usually critical; 
near glass transition, TN decreases 
rapidly 
Pressure TN parallels melting curves trend Change in response can signal 
alternate phase formation 
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F igu re  28  -  Ca l cu l a t ed  CCT curve s  fo r  the  su r f a c e  and  in t e rna l  nuc l e a t ion  o f  Sn -5wt .%Pb  d rop l e t s  
he l ium ga s - a tomized  a t  an  in i t i a l  g a s  v e loc i t y  o f  500  m/ s  [135] .  
  
Overall the ability of a rapid solidification process to exhibit the desirable 
partitionless or fine microstructures is dependent on (1) a high heat transfer coefficient 
from which to rapidly remove heat from the melt into the heat sink (e.g. high velocity 
atomization gas in gas atomization) and/or (2) the ability of a metal to hypercool [140], 
which is the ability of a solidified metal to reabsorb the latent heat of fusion without rising 
above the solidus. The first factor is in an effort to reach higher undercooling before atomic 
motion has ample time to create a cluster of large enough size to be energetically favorable 
(nucleation) and grow. The second is to ensure that once nucleation has occurred, the 
metastable phase is not wiped out due to recalescence.  
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CHAPTER 3  -  INTERNAL OXIDATION: METHOD OF 
DETERMINING EXCHANGE REACTION CONDITIONS FOR 
OXIDE DISPERSOIDS IN NICKEL-BASED ODS ALLOYS  
 Modified from a manuscript previously published in  
Advances in Powder Metallurgy & Particulate Materials [95] 
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3.1  -  ABSTRACT 
A kinetic study was performed to track the oxidation kinetics and specific reactions 
for internal oxidation of gas atomized Ni-Cr-Y-(Hf, Ti or Zr) powder to form oxide 
dispersion strengthened alloys (ODS). SEM and XRD analysis on internally oxidized 
materials provides a basis for alloy selection and processing parameters based on: the oxygen 
diffusion kinetics, apparent oxide thermal stability, composition of oxides formed, and 
implications for process parameter selection. Overall, it was found that all alloys tested seem 
viable for ODS alloy production via the GARS process. The Hf-containing alloys appear to 
be the most thermally stable, but they represent a more complicated system to characterize 
with multiple oxides and intermetallics formed. 
3 .2  -  INTRODUCTION 
The general motivation for this research was reported elsewhere [1] and is included 
in the introduction of this thesis. The purpose of this paper is to evaluate a preliminary 
proof of concept oxidation experiment to determine whether a simple Ni-Cr system is 
feasible for ODS precursor powder production similar to the process proven viable for 
experimental production of Fe-based ODS alloy billets. It is also important to apply the 
results towards predicting heat treatment times for the oxygen exchange reaction, necessary 
for dispersoid formation, during the anticipated powder consolidation or heat treatment 
stages of the eventual ODS billet production process. 
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3 .3  -  BACKGROUND AND THEORY 
A description of the gas atomization reaction synthesis (GARS) method for 
producing oxide dispersion strengthened (ODS) precursor powder is described in the 
introductory Chapter 1 of this document. The GARS method of near-surface oxide 
formation and dissolution utilizes a metastable oxide decomposition reaction and local 
diffusion into the associated (prior) powder particle interior from an external (prior particle 
surface film) oxygen reservoir or supply. This is analogous to the general case of internal 
oxidation. Using principles from the field of oxidation it is thereby possible to verify 
exchange reactions in pertinent alloy systems, as a proof of concept, by studying oxidation 
in materials produced from conventional metallurgy processes, such as castings. This is done 
by using a cube, which is precision ground from a cast material, as an analog for an 
individual powder particle. By heat-treating at a controlled partial pressure of oxygen the 
simulated environment of a consolidated powder particle is created. This concept is 
illustrated in Figure 29. 
 
 
F igu re  29  -  S chemat i c  o f  in t e rna l  ox ida t ion  exchange  r e a c t ion .  Upon  so l id i f i c a t ion  a  ma jo r i t y  o f  the  
y t t r ium i s  p r e s en t  a s  an  in t e rmeta l l i c  ( l e f t  s id e )  in s ide  the  ‘powder ’ .  Oxygen  en te r s  the  ‘powder ’  
su r f a c e  ( r i gh t  s id e ) ,  d i s soc i a t ing  the  in t e rmeta l l i c  pha s e  and  fo rming  a  more  the rmodynamica l l y  
f a vo rab l e  y t t r ium-enr i ched  ox ide  [95 ] .  
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Much can be learned from such an experiment. X-ray analysis of samples allows for 
determination of the specific exchange reactions taking place. Additionally, by tracking the 
reaction front as a function of time and temperature one can use the kinetics to predict heat 
treatment parameters needed, upon consolidation of actual precursor powders, for the full 
dissociation of prior particle boundary (PPB) oxide. In fact, a similar internal oxidation 
study was previously performed for Fe-based ODS forming alloys and results from this 
study were also used to calculate heat treatment times necessary for full dissociation of PPB 
oxides and formation of Y-enriched oxides in consolidated particles [15]. 
The theory of internal oxidation in the absence of external scale formation is given 
by [75, 76, 141]: 
 
 
 
where ! is the depth of the internal oxidation zone [cm], ! is a unit-less kinetic parameter 
given by Equation 2, DO is the diffusivity [cm2/s] of O in the base metal, ! = DO/DY relates 
the diffusion of Y towards the surface, DY is the diffusivity of Y in the base metal, t is time, 
 the mole fraction of oxygen at the surface,  the mole fraction of Y in the bulk 
material.  In the limiting case that the diffusivity of Y in Ni is much less than that of O in 
Ni, and the concentration of O at the surface is much less than that of Y in the bulk (i.e., Y 
is abundant in the system and O is scarce and controlled), then: 
 
 
and therefore, with Equations 1 and 2: 
 
 
 
where ! is the stoichiometric ratio of O:Y.  From Equations 1 and 3:  
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where D0,rxn is the relative diffusion of oxygen with the exchange reaction.  The general form 
of diffusivity is that of an Arrhenius equation[142]: 
 
 
where A is called the ‘frequency factor’ [cm2/s], Q the activation energy [kJ/mol], R the gas 
constant [0.00831472(15) kJ/mol!K], and T the temperature [K]. A fit of the D0,rxn vs. 1/T 
data allows for the determination of A and Q via the form: 
 
 
 
A rate constant for a given temperature can therefore be determined for various 
temperatures and alloy compositions using Equations 3 and 7 [75, 76]: 
 
!!" ! !!!!!!!"# !
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Combining Equation 7 with a parabolic rate law [143] allows for the determination 
of the heat treatment time, tHeat Treat, it would take for the reaction front to reach the center 
(distance x from the surface) of the largest consolidated powder by: 
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3 .4  -  EXPERIMENTAL PROCEDURE 
In order to investigate the viability of a desirable exchange reaction in a Ni-base 
system an internal oxidation study was performed.  Two 50g ingot (“fingers”) for each of 
the compositions given in Table 6 below were chill-cast in a 3/8” diameter water-cooled 
copper mold. 
 
Tab l e  6  -  Nomina l  compos i t ion  o f  ch i l l - c a s t  spec imens  fo r  in t e rna l  ox ida t ion  s tudy .  
 Nominal Composition 
Sample ID Ni at.% (wt.%) 
Cr 
at.% (wt.%) 
Y 
at.% (wt.%) 
Hf 
at.% (wt.%) 
Ti 
at.% (wt.%) 
Zr 
at.% (wt.%) 
Ni-Cr-Y-Hf 81.01 (79.96) 16.49 (14.42) 1.25 (1.87) 1.25 (3.75) --- --- 
Ni-Cr-Y-Ti 81.48 (82.65) 16.02 (14.40) 1.25 (1.92) --- 1.25 (1.03) --- 
Ni-Cr-Y-Zr 81.33 (81.75) 16.18 (14.40) 1.25 (1.90) --- --- 1.25 (1.95) 
 
Each finger was precision ground on the four faces perpendicular to the longitudinal 
axis to approximately 6 mm length per side.  Each sample was then electrical discharge 
machined (EDM) at a matching interval to create cubes of approximately 6 mm per side.  
Approximate sample locations from the original specimen are shown in Figure 30 below. 
Each cube was then ground through 1200 grit on water-cooled metallurgical grinding 
wheels to remove EDM scale, and other possible surface contamination, and also to provide 
a smooth reference plane from which to perform measurements at high magnification. 
Samples were then cleaned and stored in methanol until use when they were wiped and 
rinsed a final time prior to loading into sample tubes. Heat treatment (repeat) samples for 
X-ray analysis were created following the same procedure except the samples were sliced 
longitudinally from the end of the chill-cast finger using EDM and then sliced at a 
thickness of roughly 1.7 mm using a Buehler low speed diamond saw.  X-ray samples were 
then halved lengthwise to double the number of samples.  The final shape of the X-ray 
samples was roughly 9.3 mm wide by 9.3 mm long and 1.7 mm thick. 
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F igu re  30  -  Sample s  fo r  in t e rna l  ox ida t ion  expe r iment ,  c en t e r  cu t  f rom ch i l l - c a s t  spec imens .  
 
The environment that a consolidated particle with a thin oxide shell is exposed to is 
essentially that of a vacuum due to the surrounding metal matrix that encases it.  In order to 
simulate these conditions a controlled (constant) atmosphere was necessary for heat 
treatment.  For this purpose, based on the work on Fe-based systems [79], it was assumed 
that upon atomization the most kinetically favorable oxide in the alloy systems Ni-Cr-Y-
(Hf, Ti, or Zr) alloy will be Cr2O3.  This means that for this study to be a valid analog: the 
sample would need to be maintained at the (fixed) Cr-Cr2O3 partial pressure.  Thus, these 
stable atmospheric conditions were maintained by a mixture of Cr and Cr2O3 powder at a 
molar ratio of 1.5:1.0, respectively, that surrounded each sample in its quartz tube, sealed 
under vacuum. 
Due to the ambient humidity in the air at the time of the study, efforts were taken 
to try to remove moisture from the heat treat samples.  Quartz tubes were cleaned with 
ethanol and stored in a laboratory oven at 110°C until use.  The minimum bake time for 
quartz tubes was 1 hour and most tubes were baked for several hours or days. Cr2O3 powder 
was baked at 400°C for 17 hours in an Al2O3 boat with a stainless steel sheet debris shield to 
prevent contamination.  The Al2O3 boat was cleaned with ethanol prior to use.  Cr powder 
was baked at 110°C for 1 hour prior to initial batch mixing.  After mixing the powders in a 
glass jar, the hot powder and samples were loaded into the hot quartz tube.  After loading 
each tube the powder was returned to the laboratory oven at 110°C.  Quartz tubes were 
wrapped with a wet paper towel at the closed end containing the powder and cubes to 
prevent heating (beyond 100˚C) and reaction of the contained powder with the quartz 
during necking.  The open end of the tube was necked to near closure to prevent loss of 
     
    
~ 6 mm 
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powder under vacuum.  The tube was carefully connected to a mechanical roughing pump 
and lowered to a pressure of roughly 0.6 Pa.  The pump was closed and the vacuum was left 
for roughly 1 minute while monitoring the pressure gauge.  This was done to ensure a 
proper seal prior to outgassing and sealing.  After a vacuum check the following series of 
vacuum and inert gas exposures happened: 3 min. evacuation, 2 min. Ar backfill to 
ambient, 5 min. evacuation, 1 min. Ar backfill to ambient, 5 min. evacuation, 1 min. Ar 
backfill to ambient, and 30 min. evacuation to a level of 0.6 Pa.  At this point the valve to 
the vacuum was closed and neck was sealed completely.   
Samples were then loaded into alumina boats and placed in tube furnaces for heat 
treatment according to the schedule in Table 7 below.  After heat treatment, samples were 
water quenched (breaking each tube under water), cross sectioned with a low speed 
diamond wafering blade, and placed in a conductive mount for scanning electron 
microscopy (SEM) analysis after grinding and polishing to a final 1 µm diamond polished 
surface finish using standard metallographic procedures.   
Oxidation microstructure measurements were performed using a JEOL 5910LV 
SEM with energy dispersive spectroscopy (EDS).  Images were collected in backscatter 
mode and measurements were performed within the JEOL software and verified using 
Adobe Photoshop CS4 Extended measurement tool.   
X-ray samples were lightly ground at 1200 grit to remove surface scale, as well as 
fused Cr and Cr2O3 powder, prior to X-ray analysis.  X-ray analysis was performed (only on 
Hf- or Ti-containing samples due to time and scope of research constraints) using a Phillips 
PANalytical system with Cu-K! tube and Ge incident monochromator. One 4-hour, 
1150°C Rhines pack heat treatment (same procedure as for the cubes above) was performed 
on the pair of X-ray samples (Hf- and Ti-containing). These samples were subsequently 
serial ground to various depths from the surface (i.e., from the oxidized surface in towards 
the unaffected base metal at the core) using a custom metallography specimen holder. Peaks 
were compared to the reference database in the Phillips X’Pert HighScore software for 
indexing and to simulated X-ray diffraction (XRD) peaks created in CaRIne 
Crystallography software version 3.1 with data from Pearson’s Handbook [144].  
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Tab l e  7  -  Hea t  t r e a tm ent  s chedu l e  fo r  in t e rna l  ox ida t ion  s tudy .  
Temperature (°C) 1000 1050 1150 
Times (hr) 7, 15, 42 4, 12, 30 4, 8, 27 
 
3 .5  -  RESULTS 
Example measurements and reaction distances are shown in Figure 31.  The images 
are of the Ni-Cr-Y-Hf, Ni-Cr-Y-Ti, and Ni-Cr-Y-Zr samples after heat treatment for 42 
hours at 1000°C.  The Ni-Cr-Y-Hf sample is measured by the change in brightness of the 
matrix.  The oxidized region closest to the surface is slightly darker than the matrix in the 
center, as-cast, region.  This is in contrast to the Ni-Cr-Y-Ti and Ni-Cr-Y-Zr samples that 
displays clear contrast in the segregation zones, changing from a light color (indicating 
heavy elements and thus the intermetallic phase) to a dark color (indicating light elements 
and thus the oxide phase).  For comparison purposes the reaction distances were 640 µm, 
984 µm, and 1114 µm for the Ni-Cr-Y-Hf, Ni-Cr-Y-Ti, and Ni-Cr-Y-Zr samples, 
respectively, at this time and temperature.   
Initial attempts at calculating the diffusion constants involved an assumed solubility 
of oxygen in Ni based on a form of Sievert’s law [145]:  
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where the partial pressure of oxygen, !!!, was assumed to be determined by the equilibrium 
(at a given temperature) of the reaction 2Cr(s) + 3/2O2(g) ! Cr2O3(s): 
!!" ! !"#
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with literature values for the Gibbs free energy of formation [146],!!!!, and the activity of 
chromium [147],!!!".  Calculated values are shown in Table 8.  
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F igu re  31  -  Example  SEM back sca t t e r  image  o f  N i -Cr -Y -Hf  ( l e f t ) ,  N i -Cr -Y -T i  ( c en t e r ) ,  and  Ni -Cr -
Y -Zr  hea t  t r e a t ed  a t  1000 °C  fo r  42  hour s .  Th i s  i l l u s t r a t e s  the  ex t e rna l  Cr /Cr 2O 3 powder  in  con tac t  
w i th  the  in t e rna l l y  ox id i z ed  r eg ion s  o f  v a ry ing  r e ac t ion  dep th s  (bo t tom)  and  the  unreac t ed  
in t e rmeta l l i c  r eg ion  ( top ) .  (Note  the s e  image s  a r e  a t  d i f f e r en t  magn i f i c a t ion s )   
 
Tab l e  8  -  In i t i a l  a t t empt  a t  so l v ing  fo r  the  d i f fu s ion  cons t an t  fo r  oxygen  in  the  N i -Cr -Y - (Hf ,  T i ,  o r  
Z r )  a l l oy s  w i th  the  a s sumed  con t ro l  o f  the  pa r t i a l  p r e s su r e  o f  oxygen  a t  the  Cr -Cr 2O 3 equ i l ib r ium.  
 Assuming Cr-Cr2O3 NiCrYHf NiCrYTi NiCrYZr 
T (°C) keq aCr PO2 (atm) NOS (at .%) ! DO,avg (cm2/s)  
1000 2.0E+33 0.134 9.3E-22 2.1E-07 1.6E-04 1.1E-01 3.3E-01 1.7E+00 
1050 3.6E+31 0.132 1.4E-20 4.2E-07 2.2E-04 1.0E-01 3.2E-01 ---------- 
1150 2.9E+28 0.127 1.7E-18 1.5E-06 4.1E-04 1.1E-01 1.3E-01 8.9E-01 
 
 
Tab l e  9  -  Va lue s  u s ed  fo r ,  and  the  r e su l t s  o f ,  c a l cu l a t ing  the  d i f fu s ion  cons t an t  fo r  oxygen  in  the  N i -
Cr -Y - (Hf ,  T i ,  o r  Zr )  a l l oy s  th rough  the  a s sumed  con t ro l  o f  the  pa r t i a l  p r e s su r e  o f  oxygen  a t  the  N i -
NiO equ i l ib r ium.  
 Assuming Ni-NiO NiCrYHf NiCrYTi NiCrYZr 
T (°C) keq aNi PO2 (atm) NOS (at .%) ! DO,avg (cm2/s)  
1000 1.3E+05 0.756 9.7E-11 6.9E-02 1.8E-03 3.3E-07 1.0E-06 5.4E-06 
1050 5.8E+04 0.756 5.2E-10 8.3E-02 2.2E-03 5.3E-07 1.6E-06 ---------- 
1150 1.3E+04 0.756 1.1E-08 1.2E-01 3.9E-03 4.7E-08 2.7E-06 1.1E-05 
 
 
 
Hf - 640 µm Ti - 984 µm Zr - 1114 µm Cr / Cr2O3 Cr / Cr2O3 
Oxides 
Intermetallic Intermetallic
Oxides 
 57 
It was readily apparent that the resulting diffusion constants for oxygen in these 
alloys were unrealistic using the assumption of the Cr-Cr2O3 equilibrium partial pressure of 
oxygen. Despite the best efforts to limit moisture contamination it was apparent the Cr-
Cr2O3 equilibrium condition was not met. Re-evaluation of the data with an assumption of 
Ni-NiO equilibrium leads to the partial pressure of oxygen equation: 
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with literature values for the Gibbs free energy of formation [146],!!!!, and the activity of 
chromium [147],!!!".  Calculated values are shown in  
Table 9. 
 
 
F igu re  32  -  P lo t  o f  r a t e  k ine t i c s  fo r  N i -Cr -Y - (Hf ,  T i ,  and  Zr )  compared  w i th  l i t e r a tu r e  v a lue s  o f  
d i f fu s ion  o f  N i ,  Cr ,  Hf ,  T i ,  Z r ,  Y ,  and  O in  Ni  [1 ,  142 ,  145 ,  148-158] .  
 
 
1.E-12 
1.E-11 
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1.E-07 
1.E-06 
1.E-05 
1.E-04 
1250 1300 1350 1400 1450 
D
 (c
m
2 /
s)
 
T (K) 
Arrhenius Diusivity of the Ni - Cr - Y - (Ti, Hf, Zr) - O Systems 
O in Ni-2Zr0.2Y0.2       (Kloss, Wenderoth, et al, 2004) 
O in Ni-0.5Zr0.2Y         (Kloss, Wenderoth, et al, 2004) 
O in Ni-2Zr                    (Kloss, Wenderoth, et al, 2004) 
NiCrYZr - Experimental 
NiCrYTi - Experimental 
NiCrYHf - Experimental 
O in Ni                           (Lloyd and Martin, 1972) 
O in Ni     (Lloyd and Martin, corrected by Louthan, 1973) 
O in Ni                           (Barlow and Grundy, 1969) 
O in Ni                           (Park and Carl, 1987) 
O in Ni                           (Zholobov and Malev, 1971) 
Zr in Ni                           (Allison and Samelson, 1959) 
Ti in Ni                           (Swalin and Martin, 1956) 
Cr in Ni                          (Johnston, 1982) 
Hf in Ni                          (Shuwei and Yunrong, 1997) 
Self Diusion of Ni         (Neumann and Toelle, 1986) 
Y in Ni                            (Reznikov et al., 1972) 
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A plot of the reaction data with comparison to diffusion data published in the 
literature is shown in Figure 32 with the Arrhenius (ln D – 1/T) plot converted to a D vs. T 
plot for the reader’s convenience.  Calculated frequency factor and activation energy values 
for Ni-Cr-Y-(Hf, Ti, or Zr) from experimental results compared with values from the 
literature for diffusion of Ni, Cr, Ti, Hf , Zr, Y, and O in Ni are presented in Table 10. 
 
Tab l e  10  -  Compar i son  o f  f r equency  f a c to r s  (A )  and  a c t i v a t ion  ene rg i e s  (Q)  fo r  the  expe r imenta l  
r e su l t s  and  pub l i shed  va lue s  in  l i t e r a tu r e .  
Diffusion of: A (cm2/s) Q (kJ/mol) 
O in Ni-Cr-Y-Zr -  Experimental 0.1030 111 
O in Ni-Cr-Y-Ti -  Experimental 0.0077 93.9 
O in Ni-Cr-Y-Hf -  Experimental 0.235 143.0 
O in Ni [149] 3100000 317.5 
O in Ni [150] 62000 291.4 
O in Ni (single crystal) [151] 79000 309.4  
O in Ni [145] 0.049 164 
O in Ni [152] 12.1 241 
Zr in Ni [153] 0.00001 111.7 
Ti in Ni [154]  0.86 257.1 
Cr in Ni [155]  0.5 260 
Hf in Ni [156]  2.04 362.5 
Self Diffusion in Ni [157]  0.85 276.7 
Y in Ni [158] 0.0126 229.8 
 
Results of serial grinding and X-ray analysis are shown in Figure 33 and Figure 34 
where the scans are normalized to the Y2(Hf or Ti)2O7 peak of highest intensity. This is 
done to highlight the relative amounts of oxide phases present at each depth. It should be 
noted that nickel sulfides were noticed at the surface of both samples. (These are believed to 
be contamination from the chromium powder used in the Rhines pack and are not 
pertinent to this study.)   
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F igu re  33  -  X - r ay  d i f f r a c t ion  (XRD)  da t a  fo r  N i -Cr -Y -Hf  in  the  A s -Cas t  cond i t ion  and  a f t e r  s amp le s  
we re  submi t t ed  to  the  s ame  env i ronment  a s  the  SEM sample s  a t  1150 °C  fo r  4 -h r s .  
 
 
F igu re  34  -  X - r ay  d i f f r a c t ion  (XRD)  da t a  fo r  N i -Cr -Y -T i  in  the  A s -Cas t  cond i t ion  and  a f t e r  s amp le s  
we re  submi t t ed  to  the  s ame  env i ronment  a s  the  SE M sample s  a t  1150 °C  fo r  4 -h r s .  
 
 
HfO2 Ni3S4 Ni7S6 YCrO3 Y2Hf2O7 Y2O3 Ni17Y2 
 
-( HfO2 Cr2O3 Ni5Hf 
  
Cr2O3 Ni3S4 Ni7S6 YCrO4 Y2Ti2O7 Y2O3 Ni5Y Ni 
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The Ni-Cr-Y-Hf sample displayed a range of oxides with different regions exhibiting 
different primary oxides. Near the surface the yttrium-hafniate, Y2Hf2O7 phase was 
dominant, transitioning to Y2O3 and HfO2 towards the oxidation front. Yttria and hafnia 
oxides both exhibited two distinct crystal structures (cubic or hexagonal, and, monoclinic or 
cubic-fluorite, respectively). At the oxidation front Ni5Hf and Ni17Y2 were observed at a 
depth of 322 µm from the surface.  
The Ni-Cr-Y-Ti sample did not display different regions of primary stability. 
Although cubic yttria becomes relatively more prevalent near the oxidation front the 
pyrochlore yttrium titanate, Y2Ti2O7, phase was dominant at all depths from the surface 
through to the interface with the intermetallic. The intermetallic was observed to be only 
Ni5Y, which is different from the expectation from the Ni-Y binary phase diagram and 
contrasts with the Ni-Cr-Y-Hf sample that exhibited the expected Ni17Y2 intermetallic. As 
expected no Ni-Ti intermetallics were observed. All intermetallic phases formed in both Ni-
Cr-Y-Hf and Ni-Cr-Y-Ti systems were easily dissociated and formed oxide phases 
comparable in composition to those observed in FeCrYHf/Ti systems [79]. 
 
3 .6  -  DISCUSSION 
Results of the internal oxidation study were similar to expectations based on 
experience with FeCrY(Hf or Ti) systems. The difference in the oxidation kinetics between 
the Hf-, Ti-, and Zr-containing alloys may be attributable to their inherent solubility in the 
!-Ni matrix. Ti appears to readily enter solid solution with Ni, but Zr and Hf have very 
limited solubility. This is likely why the Hf-containing alloy exhibited separate Hf and Y 
oxides near the oxidation front. It is likely that the as-cast distribution of Hf-Ni and Y-Ni 
intermetallics dictates the oxidation of simple oxides initially until sufficient time and 
driving force are available for Hf and Y to diffuse towards each other to form complex 
oxides stable at limited partial pressures of oxygen. This is further supported by the relative 
reaction rates for the different species. 
The Ti-containing alloy formed exclusively complex oxides in addition to pure 
yttria, with (remarkably) no observed Ti-oxides. Apparently, Ti is more readily able to 
 61 
diffuse to the Ni-Y intermetallic sites where the Ti will thermodynamically favor mixed 
oxide formation with yttrium where possible. This difference in diffusion and composition 
of oxides formed seemed to lead to an increase in the reaction rates. Thus, the formation of 
titania was avoided altogether, which is consistent with mixed group IV-yttrium oxides that 
have been used as a conduction medium for oxygen ions in fuel cells. The solidification 
microstructure of the intermetallic phase then may behave as fast transport pathways for 
further internal oxidation. The effect of phase boundaries on internal oxidation has been 
previously discussed by Stott and Wood [159] and, coupled with the presumed enhanced 
diffusion of ionic oxygen within the mixed yttrium oxide, may offer some explanation for 
the slightly faster diffusion constants observed in this work when compared to values 
reported in the literature (See Figure 32). This explanation is supported by the observations 
of Kloss et al. [148] who also observed increased oxygen transport with mixed Y-Zr oxides 
in Ni. Another primary source of error or discrepancy with the internal oxidation method in 
general is that it requires an assumption of a solubility of oxygen. As shown in the analysis 
in the results section, the assumption of solubility plays a significant role in the calculation 
of the oxygen diffusion constant in this system. As this measurement is aimed at predicting 
heat treatment times for similar alloys, this assumed oxygen solubility will not play a role in 
the calculated times, but would need to be taken into consideration when applying results 
to other alloy systems.  
In terms of selecting the best route for the development of the process there are a 
few key pieces of information that were gathered.  Qualitatively the XRD data indicates that 
the Hf-containing oxide peaks are wider than the Y-Ti mixed oxide.  Crystallite broadening 
(i.e., the Scherrer equation) indicates that that the Y-Ti oxides are larger in average size than 
the Hf-containing oxides, which leads to the conclusion that, considering both alloys were 
subjected to the same test conditions, the Y-Ti oxides coarsen faster than the Hf-containing 
oxides.  Coupling this result with the reaction kinetics observation, i.e., Ni-Cr-Y-Ti with 
faster rate kinetics, the Y-Ti oxides appear to be less thermally stable than their Hf 
counterparts.  This is the same observation that has been made in the Fe-based ODS 
systems, as well. Another possible advantage of Hf-containing alloys is their ability to avoid 
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the deleterious coarsening effects that occur with the presence of Al in the alloy. Recent 
work [85, 86] suggests that Hf-containing alloys may be able to suppress mixed Y-Al oxide 
formation.!That being said, however, the trade off with the added stability of the Hf-
containing oxides is the complexity in characterization of the multitude of oxide phases and 
intermetallics present at presumed low volume fractions (~1 vol.%) in rapidly solidified 
powders. Thus, the decision was made to use NiCrYTi for further fundamental studies of 
the system moving forward. 
Also, a calculation method that was found to be useful (described below) can be used 
to determine heat treatment times for eventual powders at an assumed Cr-Cr2O3!partial 
pressure.   
Assuming a planar reaction from the surface of a spherical powder (of a given size) to 
the center of the particle (a conservative assumption), this kinetic data was used to calculate 
the heat treatment time necessary for full reaction of a given powder cut size (top cut up to 
106 µm in powder size). Plotting this reaction time vs. temperature and maximum powder 
size yields a significant piece of information, as shown in Figure 35. 
Typical mechanical alloying (MA) milling times for ODS materials are on the order 
of 40+ hours [12], but the calculated heat treatment time necessary to create the dispersoids 
with the GARS process is on the order of a few hours; a significant reduction in processing 
time, energy, and cost. 
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F igu re  35  -  Fu l l  r e a c t ion  t ime  v s .  t empera tu re  and  powder  s i z e  fo r  a  N i -Cr -Y - (Hf ,  T i ,  o r  Z r )  a l l oy .  
(Da ta  f rom [95 ] )  
 
3 .7  -  CONCLUSIONS 
Simple Ni-based systems, Ni-Cr-Y-Hf and Ni-Cr-Y-Ti, have proven favorable for 
simplified ODS precursor powder production with respect to the favorable dissociation of 
intermetallic phases to form internal oxides upon heat treatment at the Cr-Cr2O3 controlled 
partial pressure of oxygen.  Diffusion data can be used to predict consolidation time and 
temperature for full dissociation of prior particle boundary oxide (PPB).  Based on reaction 
kinetics and XRD data it is probable that Hf-containing oxides are more thermally stable 
than the oxides in the Ti-containing system.  
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4 .1  -  ABSTRACT 
Size control of powder is key to optimizing microstructural and strengthening 
features in oxide dispersion strengthened (ODS) alloys produced from precursor powders 
produced by a novel gas atomization reaction synthesis (GARS) process, as observed in 
previous work on Fe-base systems, and is presumed to be the case for Ni-base ODS alloys as 
well. Aspiration and prior water modeling experiments were used to develop atomization 
process parameters that encourage controlled powder production while maintaining reduced 
operating costs when implemented on an industrial scale. For an increase in pour tube 
extension: aspiration base pressure at any given operating pressure was found to decrease 
while wake closure pressure was found to increase. Aspiration hysteresis was observed as 
reported previously in the literature. An unusual light emission phenomenon also was 
observed above wake closure pressures for Ar gas. 
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4 .2  -  INTRODUCTION 
The general motivation for this research was reported in the original document [1] 
(see  introduction of this thesis) and is, thus omitted here for document brevity. The 
specific motivation for this ongoing research is to 1) select operating parameters for 
experimental production of Ni-based oxide dispersion strengthened (ODS) alloys via GARS 
with production rates analogous to an industrial scale, and 2) to examine how process 
variables can affect the yield of fine powder. 
 
4 .3  -  BACKGROUND AND THEORY 
A description of the gas atomization reaction synthesis (GARS) method for 
producing oxide dispersion strengthened (ODS) precursor powder was described in the 
introductory Chapter 1 of this document.  Results of previous internal oxidation 
experiments (Chapter 3) indicated that the Ni-Cr-Y-(Hf, Ti, or Zr)-O systems are viable for 
this GARS production approach [95]. As discussed in Chapter 3, the calculated heat 
treatment time necessary to create the dispersoids with the GARS process offers a significant 
reduction in processing time, energy, and cost. Although the economic benefits associated 
with a significant (orders of magnitude) [14] increase in powder production rate (when 
compared to MA) are certainly an important consideration for this process, there are 
considerable performance and processing improvements that need to be realized after the 
powder is formed. 
Microstructural feature spacing in gas atomized powder particles generally decreases 
with the increased solidification rates of finer powders [19]. With the ability of reaching 
cooling rates in excess of 106 K/s, close-coupled gas atomization can lead to fine segregation 
and/or increased solute trapping (supersaturation) of primarily insoluble elements such as Y, 
Hf, and Zr. It has been shown in gas atomized Fe-Cr-Y-(Hf or Ti) ODS systems that the 
post-processing (resultant) oxide dispersoid spacing is dependent on the as-solidified 
microstructural distribution and spacing of the reactive elements [16]. Fine microstructure 
feature spacing is advantageous as it leads to a finely spaced and relatively homogenously-
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distributed strengthening phase upon transformation to an oxide phase. The dispersoid 
spacing and size distribution determines, upon thermal and mechanical treatment, the 
subsequent dislocation substructure, and resulting yield and creep strengths. It is important 
to note that the stoichiometry of the oxides dictate their thermal stability and coarsening 
and, hence, that control of the oxygen content relative to the Y+(Hf, Ti, or Zr) is also 
important. 
In the Fe-based system a linear trend was observed in resulting oxygen content in the 
powders as a function of powder size and reactive-gas concentration [16] (Figure 36). It is 
therefore crucial to understand the factors controlling the powder size distribution in an 
effort to promote efficient yields of compositionally ideal precursor powders that also 
exhibit the most advantageous microstructure in terms of mechanical properties and 
thermal stability [160]. 
 
 
F igu re  36  -  E f f e c t  o f  a tomiz ing  ga s  and  pa r t i c l e  s i z e  on  r e su l t ing  oxygen  con ten t  in  powder s  [16 ] .  
 
As discussed in Section 2.2.4 the internal geometry of the melt pour tube was 
selected to be a straight bore (cylindrical) based on prior reactive-gas atomization trials 
[100] and the external geometry was chosen to have a matching angle based on literature 
results. However, the selection of melt pour tube extension length must be matched to the 
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individual nozzle in order to produce subambient conditions at the melt tube orifice and, 
thus, remained to be determined by these experiments. 
The literature reviewed in Section 2.2.5 provides background information regarding 
the desireable atomization conditions. In short, by operating at an atomization pressure 
above the wake closure pressure, atomization mechanisms are promoted that include pre-
filming and pulsation. The length of pour tube extension affects the wake closure and needs 
to be investigated. Due to contradictory results in the literature, it was unknown whether a 
newly developed high-pressure gas atomization (HPGA) nozzle, designed for industrially 
scalable flow rates, would produce the best yield of fine powder at wake closure pressure 
(WCP) or well above it.  
The goal of this research was therefore to optimize production of ODS precursor 
powders on an industrial scale by enhancing the primary breakup/filming with a selected 
internal and external pour tube geometry while  operating in the wake closure regime to 
improve secondary atomization processes. The effect of selected atomization pressure, 
relative to the wake closure pressure, and of the reactive-gas concentration on the results of 
powder production were both investigated in the following Chapter 5. 
 
4 .4  -  EXPERIMENTAL PROCEDURE 
In order to select the optimum production parameters, two sets of gas-only bench 
testing were performed. The gas-testing bench apparatus (Figure 37) was completely 
redesigned for these experiments to include high-pressure (6,000 psi) supply tanks and 
high-pressure tubing, fittings, and valves that were appropriate for high volumetric flows, 
typical of industry values. The new system also included an array of industrially relevant 
sensors, consisting of a Schlumberger coriolis force mass flow meter, Setra pressure 
transducers for in-line and aspiration pressure measurements, and a Kulite XTL-HA-123C-
190-1000A pressure transducer for atomization nozzle manifold pressure measurements. 
This reconfigured setup can handle flow rates greater than 2,200 SCFM to be able to match 
flow rates of commercial nozzles. The system was controlled by a computer running a 
National Instruments LabVIEW program, which also served as the data logger with 25 
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measurements every second. The nozzle was secured to a stable optical bench with the gas 
exiting upward in a vertical direction. For some experiments schlieren photography also was 
performed utilizing a z-type configuration and a Nikon D40 digital single-lens reflex 
(DSLR) camera with an 85 mm focal length lens, f/1.8 aperture setting, and 1/4000 sec 
exposure for recording images. Test pressures ranged from 0.17 to 6.9 MPa (25 to 1,000 
psig) in the gas nozzle manifold, and data was collected for both the low-to-high (pressure 
increasing each step) and high-to-low (pressure decreasing each step) cases. Test pressure 
intervals ranged from 0.07-0.3 MPa (10-50 psig) and data was averaged over the duration of 
time at each set point. All pressures cited in this procedure are for a set point based on a 
pressure transducer upstream of the nozzle and results were reported based on the measured 
pressure in the gas nozzle manifold. 
 
 
 
 
F igu re  37  -  Gas  t e s t  b ench  appa ra tu s  deve loped  and  u sed  fo r  t e s t ing  o f  the  indus t r i a l  c apac i t y  o f  the  
45 -46 -0465  nozz l e .  
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Tab l e  11  -  Expe r imenta l  ma t r i x  o f  nozz l e s  
Nozzle 45-30-029 45-22-052 45-46-0465 
Inlet Single Dual Dual 
Apex Angle (°) 45 45 45 
# of Jets 30 22 46 
Jet Diameter (in) 0.0290 0.0520 0.0465 
Area per Jet (in2) 0.0007 0.0021 0.0017 
Spacing (in) ~ 0.015 ~ 0.015 ~ 0.015 
Normalized Perimeter 5.48 4.69 6.78 
Total Jet Area (in2) 0.0198 0.0467 0.0781 
 Normalized Total Jet Area 1 2.36 3.94 
Center Bore (in) 0.410 0.410 0.840 
Normalized Total Jet Area 1.00 2.36 3.94 
Wake Closure Pressure (psi) 564 335 ??? 
Wake Closure Pressure (MPa) 3.89 2.30 ??? 
 
A second experiment involved an investigation into the effect that pour tube 
extension has on the gas dynamics (manifold pressure vs. aspiration behavior). The test 
matrix included axial extensions ranging from flush (shortest) to a tip creating a knife-edge 
at the pour tube inner diameter (longest). Lengths of the tips are listed in Table 12. For ease 
of machining, and durability, brass was used instead of the typical ceramic pour tube. A 
comparison image of the tips used is provided in Figure 39. Three pressure regions were 
studied for each extension. First a full pressure range characterization was performed from 
roughly 50 to 1,000 psig in 50 psi increments. The results were examined to identify 
pressure ranges to investigate with smaller step sizes; in some cases schlieren results were also 
used to verify aspiration pressure results. A second low-pressure range from roughly 0 to 
300 psig was studied in 25 psi increments to examine any potentially devastating 
overambient operating conditions. Lastly a wake-closure pressure range was studied for each 
tip with measurement points varying from roughly 450 to 825 psig by 10 to 30 psi 
increments. 
 
 71 
 
F igu re  38  -  Compar i son  o f  th r e e  nozz l e s  u s ed  to  compare  to t a l  j e t  e x i t  a r e a  to  wake  c lo su re  
p r e s su r e s .  
 
Tab l e  12  -  Leng th s  o f  e x t en s ion  t ip s  u s ed  in  expe r imenta l  t e s t ing .  
Extension (in) 0 0.088 0.1361 0.1841 0.2803 0.4725 0.6648 0.8570 
 
 
F igu re  39  -  Ex t en s ion  t ip s  u s ed  in  a sp i r a t ion  t e s t ing :  0” ( f lu sh ) ,  0 .088” ,  0 .1361”  (bo t tom –  l e f t  to  
r i gh t ) ;  0 .1841” ,  0 .2803” ,  0 .4725”  (m idd l e  –  l e f t  to  r i gh t ) ;  and  0 .6648” ,  0 .8570”  ( top  –  l e f t  to  
r i gh t ) .  
 
4 .5  -  RESULTS 
A comparison of aspiration versus manifold pressure behavior for three nozzles (45-
30-029, 45-22-052, and 45-46-0465) of increasing total jet exit area and fixed melt tip 
extension is shown in Figure 40. Data for 45-30-029 and 45-22-052 nozzles is from the 
literature [73]. The new 45-46-0465 nozzle reached a major orifice aspiration pressure 
minimum of 0.6 atm (8.83 psia) at approximately 4.0 MPa (582 psig). The wake closure 
pressure of the 45-46-0465 nozzle (4X total jet exit area) was similar to that of the 45-30-
!""!""!"#$ !""!""!"# 
!""!!"!"# 
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029 nozzle (with baseline jet exit area), but approximately double the wake closure pressure 
of the 45-22-052 nozzle (2X total jet exit area). 
 
 
F igu re  40  -  Re su l t s  o f  th r e e  nozz l e  compar i son  w i th  Ar  ga s ,  0 .088"  ex t en s ion  and  runn ing  low- to -
h igh  (p r e s su re  inc r ea s ing  e ach  s t ep )  c ond i t ion s .  Da ta  fo r  the  45 -30 -029  and  45 -22 -052  nozz l e s  
r ep roduced  f rom [73 ] .  
 
Data from the comparison of pour tube extension lengths is shown in Figure 41. The 
results of the 0.4725” extension indicated extreme (> 20 psi) overpressure. For this reason 
the 0.6648” and 0.8570” long tips were ignored for the purposes of investigating the best 
tip to perform an atomization trial. The tips are available for use in future investigations.  
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F igu re  41  -  Compar i son  o f  v a r iou s  ex t en s ion  t ip  l eng th s  fo r  the  45 -46 -0465  nozz l e  w i th  Ar  ga s  and  
runn ing  low- to -h igh  (p r e s su re  inc r e a s ing  e ach  s t ep )  cond i t ion s .  (0”  ex t en s ion  t runca t ed  a s  the  
r ema in ing  da t a  s c a l ed  l in ea r l y  up  to  22 .8  p s i a )  
 
Two general trends observed were that an increase in tip extension results in deeper 
aspiration and higher wake closure pressure, as shown in Figure 42.  Also, of note are the 
tradeoffs for these trends. For increases in pour tube extension length 1) the magnitude of 
the overambient orifice pressure maximum at low operating pressures increases, and 2) the 
lowest manifold/operating pressure necessary to avoid overambient orifice pressures 
increases (i.e., a higher manifold pressure must be reached to avoid a back-streaming 
condition). These trends are illustrated in Figure 43. 
A hysteresis effect was also observed when comparing the low-to-high (pressure 
increasing) data to the data from the high-to-low (pressure decreasing) portion of the 
experiments, consistent with previous work with a similar type of close-coupled nozzle 
[114]. This effect is noticeable at manifold pressures around the wake closure pressure as 
shown in Figure 44. Generally the hysteresis effect, as measured by the width of the 
hysteresis !WCP, diminished as the pour tube extension increased (Figure 45). Also shown 
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in Figure 45 is the magnitude of the aspiration pressure decrease (i.e., more subambient) as a 
function of pour tube extension. The wake closure – aspiration effect becomes more 
pronounced initially and then levels off after the 0.2803” extension. 
 
  
 
F igu re  42  -  Fo r  inc r ea s e s  in  pour  tube  ex t en s ion  l eng th  the  t r ends  o f  dec r ea s ing  a sp i r a t ion  p re s su r e  
a t  wake  c lo su re  and  inc r ea s ing  man i fo ld  p r e s su re  needed  to  r e ach  wake  c lo su re  ( l e f t ) .  W ake  c lo su re  
po in t s  p lo t t ed  a s  a sp i r a t ion  v s .  man i fo ld  p r e s su r e  ( r i gh t ) .  Work  pe r fo rmed  w i th  Ar  ga s  on  45-46 -
0465  nozz l e  f rom low- to -h igh  p re s su re s .  
 
   
F igu re  43  -  Fo r  inc r ea s e s  in  pour  tube  ex t en s ion  l eng th  the  t r ends  o f :  ( l e f t )  inc r ea s ing  magn i tude  o f  
ove r ambien t  o r i f i c e  p r e s su r e  and  ( r i gh t )  inc r e a s e  in  the  m in imum man i fo ld  p r e s su r e  above  wh ich  
ove r ambien t  p r e s su r e s  ( and  back s t r e aming )  may  be  avo ided .  Work  pe r fo rmed  w i th  Ar  ga s  on  45 -46 -
0465  nozz l e  f rom low- to -h igh  p re s su re s .  
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F igu re  44  -  Repre s en ta t i v e  da t a  o f  wake  c lo su re  p r e s su r e  hy s t e r e s i s .  Da ta  above  ob se rved  w i th  Ar  ga s ,  
the  45 -46 -0465  nozz l e  and  0 .1841”  ex t en s ion  l eng th .    
 
 
F igu re  45  -  Compar i son  o f  wake  c lo su re  r eg ion  phenomena  fo r  d i f f e r en t  pour  tube  ex t en s ion  l eng th s .  
 
In the course of these experiments an interesting phenomena was observed in these 
Ar gas flow patterns at moderate pressures. At these pressures emission of light (from the gas 
structure) and, presumably, a projected electromagnetic field (sufficient to minimally distort 
the nearby cathode ray tube monitor) was noticed. An example of this visual indication is 
shown in Figure 46. It was initially thought to have been an indication of wake closure, but 
comparison of the pressure at the onset of light emission to wake closure pressures as 
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determined by aspiration and schlieren results ruled out this relation since emission began 
prior to reaching (at a lower pressure than) a closed wake flow. The light emission appeared 
to be more pronounced during testing with argon gas in comparison to testing with 
nitrogen (in separate experiments) where this emission was barely observed. 
 
 
F igu re  46  -  L igh t  emi s s ion  ob se rved  dur ing  s eve r a l  a sp i r a t ion  t e s t s  u s ing  a rgon  ga s .  
 
The schlieren imaging that accompanied aspiration testing confirmed formation of a 
Mach disc at pressures corresponding to a sharp drop in aspiration pressure (see Figure 44 
and Figure 47). Schlieren results also confirmed the hysteresis effect (see Figure 44 and Figure 
48). Previously Ting et al. used shock node spacing observed in schlieren imaging to 
qualitatively compare gas velocities in high pressure gas atomization nozzles [161]. This was 
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based on trends for individual convergent jets reported by Hartmann and Lazarus [162]. 
This approach was used to compare the schlieren results for the various extension lengths in 
Figure 49. It was observed that generally the relative velocity with all the extension lengths 
were the same from approximately 0 to 400 psig. At approximately this point the velocity 
with the 0.088” extension plateaued. A higher relative velocity plateau accompanied each 
subsequent extension tip length increase. The plateau did not appear to be specifically 
related to any gas flow structure feature.  Also shown in Figure 49 are the previous results 
from the literature [161] for a discrete convergent jet and a discrete converging-diverging jet 
gas atomization nozzle with different pour tube tip apex angles. The inclusion of this 
additional data helps to indicate the effects of melt tip interference as well as to relate the 
scale of the current industrially sized nozzle (45-46-0465) to previous laboratory sized 
nozzles (HPGA-I and HPGA-II), which had a reduced central bore size similar to that in 
Table 5 for 45-30-029 and 45-22-052. 
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F igu re  47  -  Repre s en ta t i v e  s ch l i e r en  image s .  Image s  a r e  fo r  the  45-46 -0465  nozz l e  w i th  a  0 .1841"  
ex t en s ion  a t  p r e s su r e s  nea r  the  wake  c lo su re  p r e s su r e .  
585 psig 590 psig 602 psig 610 psig 623 psig 
Closed Wake Open Wake 
Mach  
Disc 
Formation 
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F igu re  48  -  Compar i son  o f  wake  c lo su re  p r e s su r e s  fo r  inc r ea s ing  p r e s su r e  ( l e f t )  v e r su s  dec r ea s ing  
p r e s su r e  ( r i gh t )  fo r  the  0 .1841”  ex t en s ion ,  h igh l i gh t ing  the  hy s t e r e s i s  e f f e c t .  
 
 
F igu re  49  -  Compar i son  o f  r e l a t i v e  v e loc i t y  fo r  the  45 -46 -0465  nozz l e  w i th  va r iou s  ex t en s ion  
l eng th s ,  and  fo r  a  d i s c r e t e  conve rgen t  (HPGA-I )  and  d i s c r e t e  conve rgen t -d iv e rgen t  (HPGA-I I )  45 °  
apex  nozz l e s  w i th  d i f f e r en t  pour  tube  apex  ang l e s .  W ake -c lo su re  p r e s su r e s  a r e  ind i c a t ed  by  the  
v e r t i c a l  l in e s  fo r  the  45 -46 -465  nozz l e .  
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4 .6  -  DISCUSSION 
The 45-46-0465 nozzle did not match the previously reported [73] trend of 
decreasing wake closure pressure with increasing total jet area. The main contributory factor 
is that the central bore of this nozzle is over double the size of the bore of the 45-30-029 
and 45-22-052 nozzles. This loss of “wake closure pressure efficiency” (ability to reach wake 
closure at lower manifold pressures) is likely due to both the increased distance the gas must 
travel to reach the stagnation point (i.e., momentum/dissipation and turbulent losses) and 
also to the larger volume of gas within the aspiration cone that must be contained at wake 
closure, requiring higher gas flows. The creation of a series of nozzles with various center 
bore, nozzle jet diameter, total jet exit area, inter-jet spacing, number of jets and extension 
tip lengths will allow for statistical analysis of the variables to better determine if an 
empirical relationship exists for any of these factors. For comparative purposes it is 
interesting to note that with the same apex angle, extension tip length, inter-jet spacing, 
and operating at the same wake closure pressure, but having different center bore and total 
exit areas, the 45-30-029 nozzle allowed a gas flow rate of only 17.3 kg/min, but the 45-46-
0465 nozzle reached wake closure at a gas flow rate of approximately 32.2 kg/min, 
approximately 1.9 times that of the 45-30-029. The 0.088” extension tip, however, was not 
found to be the optimum length for the 45-46-0465 nozzle. 
In the investigation regarding the effect of extension tip length on the gas dynamics 
a few important trends were observed. An increase in extension tip length generally resulted 
in 1) an increased operating pressure required to achieve wake closure pressure, 2) a decrease 
in the aspiration pressure at wake closure, 3) an increase in the magnitude of the 
undesirable overambient orifice pressure value at lower manifold pressures, 4) increasing 
manifold pressures required to completely avoid overambient orifice conditions, 5) 
decreasing wake closure pressure hysteresis, and in a limited range, 6) an increase in the 
aspiration pressure drop at wake closure. These appear to be the first experimentally 
measured trends of this sort published for a 45° apex, discrete jet, close-couple atomization 
nozzle. The wake closure trends (1 and 2 above) appear to correlate well with a recent 
computational fluid dynamics (CFD) study which concluded that, with increasing pour 
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tube extension length, the strength of the Mach disk formed at wake closure increases with 
an associated aspiration pressure decrease [163]. Also, trends have been published for gas-
nozzles for use in spray deposition processes [122], but the nozzles are of an annular type 
and did reach not wake closure. Thus, a full comparison is not completely valid for this 
instance as well as others listed in the literature survey in Section 2.2.4. It is safe to say, 
however, that the trend involving a general decrease in aspiration pressure with increasing 
pour tube length observed in the annular nozzle study does correlate well with the 
observations shown for the 45-46-0465 nozzle.  
Of the extension tip lengths tested, the 0.1841” extension length appears to be the 
best fit for the ongoing research goals outlined in the introduction. It appears to reach wake 
closure at a reasonable manifold pressure, ~4.08 MPa (592 psig), have a decent orifice 
aspiration minimum value, ~0.47 atm (6.94 psia), avoids a large maximum overambient 
orifice pressure, 1.04 atm (15.33 psia), and only requires a manifold pressure of 1.27 MPa 
(184 psig) to avoid overambient conditions; which can be reached quickly with a 
commercial gas supply. The wake closure pressure at this extension is also associated with a 
more commercially favorable gas flow rate.  Another possible factor in favor of this 
extension length is the width of the observed wake closure pressure hysteresis. This tip 
extension exhibited the second largest hysteresis width, approximately 0.21 MPa (30 psi). 
This hysteresis effect has been previously reported in the literature [114]. It was 
hypothesized that the hysteresis is due to an energy barrier to Mach disk formation and, 
further, that the larger the hysteresis the more stable the wake-closure structure[114]. If the 
CFD work of Ting et al. [114] and Tong et al. [164] is correct, this enhanced wake-closure 
structure stability could prove very beneficial in maintaining melt filming, atomization 
stability, and obtaining a more uniform particle size distribution once the melt stream 
interrupts and interacts with the established gas flow structure. This is why the hysteresis of 
the 0.1841” extension tip may be another favorable attribute. 
The final observation worth discussion is that of the light emission occurring at 
pressures approaching the wake closure pressure and above, especially with Ar gas. There is 
at least one reasonable explanation that can be reported, i.e., it is some sort of ionization of 
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trace amounts of oxygen entrained from the surrounding air. Although discovered not to be 
the case, it would have been beneficial if the emission only occurred at and above wake 
closure. It was suggested [1] that gas flow visualization, traditionally performed with some 
initial setup difficulty via schlieren or shadowgraph imaging, may be performed without 
complicated instrument setup and aided with nothing but a simple camera. One example of 
this is shown in Figure 46 that was recorded using a camera on a cellular phone. Although it 
was shown unfavorable for characterization purposes this could still be used as an additional 
qualitative characterization tool for visualizing the gas flow structure. 
4 .7  -  CONCLUSIONS 
Utilizing a gas-only, bench-top aspiration testing system, this study has shown that 
while total jet area has been previously shown to have an effect on wake closure pressure 
[73], the effect of nearly doubling the nozzle center bore counteracts the possible 
improvements of the increased total jet area effect. Although the wake closure pressure was 
not reduced with the 45-46-0465 nozzle, an increased gas flow rate at wake closure 
pressures will be favorable in moving towards producing Ni-based ODS precursor powders 
at a commercial production rate.  
An investigation into the effects of increased melt tube extension length on the 
characteristic gas-only aspiration versus manifold relationship was conducted. The general 
conclusions were that increased extension tip length resulted in 1) an increased operating 
pressure required to achieve wake closure pressure, 2) a decrease in the aspiration pressure at 
wake closure, i.e., greater suction, 3) an increase in the magnitude of the undesirable 
overambient orifice pressure value at lower manifold pressures, 4) an increase in the 
manifold pressure required to completely avoid overambient orifice conditions, and 5) a 
decrease in wake closure pressure hysteresis. 
The hysteresis may be an indication of the stability of the shock structure [114]. For 
this reason, as well as favorable performance regarding a deep aspiration minimum and 
avoidance of severe overambient pressures, the 0.1841” extension tip length was used in 
subsequent atomization trials. 
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A light emission, that may be a type of ionization or sonoluminescence 
phenomenon, was observed. Further investigation is required to identify the cause, but the 
potential uses include aiding in gas flow visualization. 
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5.1  -  ABSTRACT 
Gas atomization reaction synthesis (GARS) with a reactive (Ar/O2) atomization gas 
was developed as a simplified route for processing of ODS precursor powders. Operating 
parameters such as flow rate, injected oxygen content, and alloy chemistry were investigated 
to determine their influence on resultant powder composition, size distribution, and 
resultant microstructural features.  Enhanced size refinement effects of a pulsatile 
atomization mechanism at nozzle manifold pressures near wake closure pressure were not 
observed. Increased oxygen content, critical for this GARS process, did not appear to affect 
the powder size distribution or solidification microstructure of the resulting powders. 
5 .2  -  INTRODUCTION 
The general motivation for this research was reported in the original document [1], 
is included in the introduction of this thesis, and omitted here for document brevity. The 
specific motivation for this ongoing research is to 1) produce Ni-based oxide dispersion 
strengthened (ODS) precursor powder using the operating parameters selected in Chapter 4 
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with an emphasis on favorable production rates at an industrial scale and observe the effect 
of the wake closure phenomena on the resulting powder size, 2) examine the effect of 
reactive-gas content on the yield of fine powder, and 3) examine how process variables, alloy 
composition, and reactive-gas composition, can affect the undercooling and solidification 
structure. 
5 .3  -  BACKGROUND AND THEORY 
A description of the gas atomization reaction synthesis (GARS) method for 
producing oxide dispersion strengthened (ODS) precursor powder is described in the 
introductory Chapter 1 of this document, but a schematic is reproduced in Figure 50 for 
convenience.   
 
 
F igu re  50  -  S chemat i c  o f  GARS p roduc t ion  o f  ODS p recu r so r  powder s  w i th  in  s i tu  f o rmat ion  o f  an  
ox ide  she l l  ( l e f t ) .  A  conso l ida t ed  powder ,  in  c ro s s - s e c t ion  i s  shown  ( r i gh t ) .  Th i s  p r io r  pa r t i c l e  
bounda ry  (PPB)  ox ide  l a ye r  i s  sub sequen t l y  d i s soc i a t ed  upon  h igh  t empera tu r e  conso l ida t ion  
fo rming  a  more  the rmodynamica l l y  f a vo rab l e ,  nanomet r i c  ox ide  pha se .  (F igu re s  adap ted  f rom[14] )  
 
 Results of a previous internal oxidation experiment (Chapter 3) indicated that the 
Ni-Cr-Y-(Hf, Ti, or Zr)-O system is viable for this GARS production approach [95]. 
Kinetic data from this experiment was used to predict heat treatment times necessary for a 
full-exchange reaction to occur for a given powder size range. When compared to typical 
MA milling times for ODS materials (~40+ hours [12]) the GARS process offers a 
significant reduction in processing time, energy, and cost. While the economic benefits 
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associated with a significant (orders of magnitude) [14] increase in powder production rate 
(when compared to MA) are certainly important there is room for further improvement 
through process optimization. For the purposes of this type of GARS process development, 
the Ni-Cr-Y-Ti system was selected for this study because of the fairly simple pathway of 
transformation from metastable particle surface oxides and internal intermetallic 
compounds (IMCs) to final oxide dispersoids, avoiding several intermediate oxides and 
complicated IMCs. (See Chapter 3). 
Strengthening theories state that high-temperature particle strengthening is 
controlled by particle size, spacing, and coherency [17, 18]. It has been shown, for the Fe-
Cr-Y-(Hf or Ti) system, that the as-solidified yttrium distribution (i.e., segregation spacing) 
dictates the post-consolidation oxide dispersoid size and spacing [16]. It is also known that 
the cooling rate increases, and therefore microstructural feature spacing decreases, with 
decreasing particle size [19, 20], assuming that the solidification morphology remains that 
same. The question that remains is how to optimize the GARS process to maximize the 
yield of fine powder with a preferred microstructure of fine-scale segregation or of highly 
refined precipitation from a supersaturated solid solution? This is important since the as-
solidified powder microstructures will determine the properties of the consolidated alloy.  
The selection of the Fe-Cr-Y-Ti alloys also helped in this objective since there appeared to 
be more probability for trapping excess Y during rapid solidification if Ti was the secondary 
alloy component, due to its smaller atomic radius compared to Hf. 
As mentioned above, one method of tailoring the microstructure is to alter the 
nucleation kinetics through the increased cooling rates associated with fine powder size.  An 
additional method with a more profound effect is to increase undercooling through 
isolation of active nucleant, or mote, site [133, 165]. This is illustrated in Figure 51. When a 
volume of metal with a given concentration of active nucleant (or mote) sites is subdivided 
into smaller and smaller sub-volumes (or molten atomized droplets), the volume fraction of 
mote-free particles, X, increases. By isolating the most potent nucleants that populate the 
bulk liquid, it should be possible to promote higher undercooling in a large percentage of 
the mote-free powder.  
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However, even with all other process variables optimized for maximum 
undercooling, heterogeneous nucleation associated with the resulting droplet surfaces can 
initiate solidification at reduced undercooling [131]. Therefore it is also important to 
consider the effect of oxygen in the reaction gas and the resulting (oxidized) surface coating, 
due to its importance in achieving reproducible, large undercooling values in fine powders 
[131]. 
The goal of the current research is therefore to optimize production of ODS 
precursor powders, with favorable microstructures, on an industrial scale. Results from the 
literature survey (Section 2.2.3) and from a gas nozzle characterization study (Chapter 4) 
were used as guidance for selecting operating conditions favorable for fine powder 
production. Also, the effects of oxygen on particle size distribution (PSD) and on 
solidification/microstructure was investigated for different alloy compositions as outlined 
below. 
 
 
F igu re  51  -  S chemat i c  i l l u s t r a t ion  o f  mote  i so l a t ion[133 ,  165]  where  X  i s  the  f r a c t ion  o f  i so l a t ed  
vo lumes  f r e e  o f  nuc l e an t s .  
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5 .4  -  EXPERIMENTAL PROCEDURE 
5.4.1 - NI-BASED ODS PRECURSOR POWDER PRODUCTION 
Utilizing close-coupled gas atomization, six Ni-based chemical reservoir (NiCR) 
heats were performed (at Carpenter Technology Corporation in Reading, Pennsylvania) 
with three different nominal Ni-Cr-Y-Ti alloy compositions as shown in Table 13. Also 
shown in Table 13 are the reactive-gas content as a volume percentage of the total gas used 
in atomization as well as the ‘ideal’ oxygen content to fully dissociate the nominal RE Ni-Y 
intermetallic into the mixed Y-Ti oxide pyrochlore Y2Ti2O7 and the calculated volume 
percent of that oxide phase. Inert Ar gas was used for the atomizing gas and the reactive gas 
was injected slightly downstream (see Figure 50) in a manner comparable to the “über halo” 
reported in the Fe-based ODS work by Rieken et al. [15]. This downstream oxygen 
injection, although not the preferred configuration in the earlier experiments of Rieken 
[15], was more amenable to implementation in the existing industrial system at Carpenter 
that was equipped for providing pure Ar gas for atomization. All heats were of a pilot scale 
to develop the process at a scale closer to industrial levels. Additionally, the heats were 
produced with nominally similar gas-to-metal (G/M) ratios with the exception of NiCR-56, 
which was intentionally atomized at a pressure (603 psig) just above (9 psi) the wake closure 
pressure (WCP) determined in Chapter 4. This was done to provide a comparison to NiCR-
55, which was produced with an atomization pressure 300 psi higher, well above the WCP, 
to investigate pulsatile atomization effects.  
 
Tab l e  13  –  Nomina l  a l l oy  compos i t ion  and  r e ac t i v e -ga s  con ten t  fo r  N i -ba s ed  ODS a tomiza t ion  
t r i a l s .  
 Alloy 1 - High Y/Ti Alloy 2 - Low Y/Ti Alloy 3 - Medium Y/Ti 
 NiCR-36 NiCR-37 NiCR-41 NiCR-44 NiCR-55 NiCR-56 
Ar + x.xx Vol.%  O2 0.00 0.25 0.00 1.60 1.42 1.42 
aatt
  %%
  
((NN
oomm
iinn
aall
))  Ni 81.01 81.57 81.16 
Cr 16.49 18.25 18.24 
Y 1.25 0.09 0.17 
Ti 1.25 0.09 0.43 
'Ideal' Oxygen Content (at ppm) 41800 3150 6000 
Calc. Vol. Fraction of Y2Ti2O7 6.93 0.53 1.00 
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5.4.2 - EXPERIMENTAL MATRIX OF REACTIVE-GAS CONTENT AND ALLOY CHEMISTRY 
As shown in Table 13, no oxygen was injected during the atomization of heats NiCR-36 and 
NiCR-41 in order to provide a baseline oxygen content. All other trials contained oxygen of 
varying amounts in an effort to reach the ‘ideal’ oxygen content in the size of powder with 
the best solidification structure (<20 µm) and also to investigate the effect on powder yield, 
undercooling, and solidification structure. The initial alloy chemistry (Alloy 1 – High Y/Ti) 
was selected based on the Rhines pack (Chapter 3) alloy compositions to provide a large 
volume fraction of intermetallic from which analysis by X-ray diffraction (XRD) and 
scanning electron microscopy (SEM) would not be hindered by limited feature size/amount. 
The second alloy chemistry (Alloy 2 – Low Y/Ti) was selected to provide an amount of 
intermetallic that, upon consolidation, would be easily completely dissociated. This would 
allow for an intermetallic-free microstructure with a low volume fraction of dispersoid 
strengthening phase to provide a comparison point for a larger volume fraction alloy. Due 
to the high activity of the yttrium in the melt it proved difficult to select a melt 
composition that, after losses in the crucible, would result in the desired low yttrium 
content. A third alloy chemistry was selected (Alloy 3 – Medium Y/Ti) that would result in 
1 vol.% strengthening phase and would be similar to the industrial alloy MA 754, formerly 
produced by Special Metals. The ratio of Ti:Y was increased from 1:1 to 2.5:1 for the third 
alloy based on observations in the Fe-based system suggesting that a ratio ≥2.5:1 could aid 
in prevention of deleterious yttrium enrichment of the surface oxide. 
5.4.3 - METHODS FOR CHARACTERIZATION AND ANALYSIS OF POWDER 
After atomization the resulting powder was size classified using mechanical sieving 
(for size ranges >20 and <106 microns) and air classification (for size ranges less than 20 
microns). Analytical chemistry of alloying elements was performed and oxygen content was 
measured using an inert gas fusion (Leco TC-436) nitrogen/oxygen analyzer. 
SEM samples were prepared by mounting loose powder in epoxy and grinding and 
polishing to a 1 µm diamond finish using standard metallographic procedures. Samples 
were also placed on a Buehler vibratory polisher that provided both a mechanical polish and 
a slight chemical etch. SEM samples were then conductively prepared using carbon paint 
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and gold sputtering.  Microscopy was performed on a FEI Quanta-250 field emission SEM. 
The size of cross-sectioned powders was determined by their previously sieved size range 
and then verified using a contact point method. In other words, if a powder was in contact 
on opposite sides by additional powders it was known that the powder was sectioned on a 
plane halfway through the particle and the observed two-dimensional cross-section was the 
true three-dimensional diameter. Microstructural measurements were performed using the 
Adobe Photoshop CS4 extended measurements tool or with the public domain ImageJ 
program (developed at the U.S. National Institutes of Health). Additionally, phase 
identification was assisted utilizing energy-dispersive X-ray spectroscopy (EDS). EDS maps 
were created using the Oxford Instruments AZtec software package. X-ray photoemission 
spectroscopy (XPS) and Auger emission spectroscopy (AES) depth profiling were performed 
on a limited number of samples to characterize the oxide composition and thickness of the 
different heats. These techniques were performed on powder >75 and < 90 µm in size for all 
heats as well as on a <5 µm air classified samples of NiCR-44. 
Hot isostatic pressing (HIP) consolidation was performed at 700°C and 45 ksi for 4 
hours. Subsequent heat treatments were performed at 1200°C for 1 or 2 hours at ~10-4 to 
10-5 Torr.   
Initial XRD measurements were performed using a Phillips Panalytical X-ray 
diffractometer equipped with Cu-K! radiation and a graphite monochromator on the 
diffracted beam side to remove K! peaks. A majority of the work was performed on a similar 
Phillips Panalytical X-ray diffractometer equipped with Cu-K! radiation and incident beam 
Ge (111) monochromator. This configuration removed both K! and K!2 peaks, resulting in 
a monochromatic K!1 wavelength. Powder samples were loaded onto a rotating stage for 
improved sampling statistics. Lattice parameter refinement was performed using a graphical 
user interface EXPGUI [166] for the least-squares Rietveld analysis software General 
Structure Analysis System (GSAS) [167]. 
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5 .5  -  RESULTS 
5.5.1 - NI-BASED ODS PRECURSOR POWDER PRODUCTION 
The bulk chemical compositions of the six heats are shown in Table 14. Some Al was 
unintentionally introduced via crucible dissolution and contamination. The ratio of Al:Y is 
highlighted in Table 14 as well as the “goal” oxygen content for a powder size range to fully 
form Y2Ti2O7 using the entire measured amount of yttrium in the bulk, the calculated 
vol.% of the oxide if all the yttrium is full reacted and forms solely Y2Ti2O7, and the 
normalized gas-to-metal (G/M) mass flow ratio (kg-min-1/kg-min-1). 
 
Tab l e  14  -  Bu lk  chemi s t r y  and  ‘ id ea l ’  oxygen  con ten t  fo r  a tomiza t ion  hea t s .   
   Alloy 1 - High Y/Ti Alloy 2 - Low Y/Ti Alloy 3 - Medium Y/Ti 
 NiCR-36 NiCR-37 NiCR-41 NiCR-44 NiCR-55 NiCR-56 
Ar + x.xx Vol.%  O2 0.00 0.25 0.00 1.60 1.42 1.42 
Normalized G/M Ratio 0.97 0.88 1.09 1.00 1.00 0.45 
at
 %
 
(M
ea
su
re
d)
 
Ni 81.40 81.09 81.43 81.19 80.56 80.51 
Cr 16.11 16.09 18.32 18.08 18.23 18.16 
Y 1.06 1.09 0.05 0.06 0.20 0.23 
Ti 1.20 1.07 0.05 0.10 0.31 0.43 
Al 0.16 0.31 0.07 0.08 0.17 0.13 
Ratio of Al : Y 0.15 0.29 1.60 1.19 0.85 0.55 
Zr < 0.006 < 0.006 < 0.006 <0.006 < 0.006 < 0.006 
'Ideal' Oxygen Content (at ppm) 35800 36800 1620 2170 6970 8050 
‘Ideal’ vol.% of Y2Ti2O7 5.60 6.10 0.27 0.36 1.16 1.34 
 
A comparison of the four heats (NiCR-36, NiCR-37, NiCR-41, and NiCR-44) 
produced with and without injected oxygen gas is shown in Figure 52. It shows that heats 
with injected oxygen, despite having higher gas-to-metal ratios, had marginally finer particle 
size distributions (PSD) as indicated by the slightly lower mean particle diameter, d50. 
Oxygen content as a function of powder size for the six heats is also provided in 
Figure 53. At larger powder sizes the oxygen content per specific surface area is relatively 
constant. A sharp increase in oxygen content was observed for powders around 20 µm or 
less relating to the increased surface area powders of this size. The specific surface area is 
defined by: 
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where D is particle diameter, in meters (m), and !!"#$% the density of the metal, in 
kg/m3. 
 
 
F igu re  52  -  Compar i son  o f  pa r t i c l e  s i z e  d i s t r ibu t ion s  be tween  hea t s  o f  s im i l a r  g a s - to -meta l  r a t io s  bu t  
v a ry ing  chemi s t r y  and  oxygen  con ten t  in  the  a tomiz ing  ga s .    
 
XPS results (Table 15) indicated enrichment of varying elements in the surface oxide. 
Results of the AES depth profiling are also shown. 
It was suspected the NiCR-55 measurement may be erroneous so the chemical 
granular method [168], which was previously proven to be a useful tool for calculating 
oxide thickness on Fe-based ODS precursor powder [15], was used. This relationship is 
defined by: 
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where the oxide thickness, !!", is a function of the bulk concentration of oxygen of the 
powder, !!, specific surface area, !!"#$%&%$, and density of the oxide, !!". ! are the molar 
masses of the elements present in the oxide of stoichiometry MnOm. This method has been 
used to convert the bulk oxygen concentration data from Figure 53 into average surface 
oxide thicknesses in Figure 54. 
 
 
F igu re  53  -  Mea su red  oxygen  con ten t  p lo t t ed  v e r su s  the  spec i f i c  su r f a c e  a r e a .  
 
Tab l e  15  -  XPS  and  AES  Depth  P ro f i l ing  Summary .  
   Alloy 1 - High Y/Ti Alloy 2 - Low Y/Ti Alloy 3 - Medium Y/Ti 
  NiCR-36 NiCR-37 NiCR-41 NiCR-44 NiCR-55 NiCR-56 
Size Range (µm) +90,-106 +90,-106 +90,-106 -5 +90,-106 +90,-106 +90,-106 
Oxide enriched in: Ni Y Ni Cr Cr Cr, Y Cr, Y, Ti 
Thickness (nm) 3 111 3 20 63 337 240 
 
The chemical granular method requires an assumed oxide composition, which was 
assumed based on XPS, AES, EDS, and XRD data. The oxides are not pure but represent 
the likely most prevalent metal in the oxide. Figure 54 indicates that SEM was also used to 
verify the calculated surface oxide thicknesses for two samples. 
0 
2000 
4000 
6000 
8000 
10000 
12000 
14000 
16000 
18000 
0.00 0.05 0.10 0.15 0.20 0.25 
Median of Particle Size Range of Cut (µm) 
O
xy
ge
n 
(a
t. 
pp
m
) 
Specic Surface Area (m2/kg) 
NiCR-56 
NiCR-55 
NiCR-44 
NiCR-37 
NiCR-36 
NiCr-41 
98 2.5 7.5 15 
 94 
 
F igu re  54  -  Ox ide  th i ckne s s  a s  a  func t ion  o f  pa r t i c l e  s i z e  a s suming  ox ide  compos i t ion  ba s ed  on  XPS ,  
AES ,  EDS,  and  XRD da ta .  P lu s  mark s  ind i c a t e  AES  dep th  p ro f i l e  mea su rement s  and  c i r c l e s  ind i c a t e  
a  v e r i f i c a t ion  o f  th i ckne s s  v i a  SEM.  
 
5.5.2 - MICROSCOPY AND XRD ANALYSIS OF DROPLET SOLIDIFICATION 
The microstructures of the alloys changed with alloying content, powder size, and 
nucleation conditions.  An example microstructure is shown in Figure 55. In this powder a 
nucleation event occurred (top) with initially columnar growth morphology (top half ).  The 
latent heat of fusion was rejected into the liquid (recalescence), which slowed the velocity of 
the solidification front to the point where the morphology transitioned to dendritic growth 
(bottom half ).   
Examples of SEM micrographs taken from the high Y/Ti alloy heats NiCR-36 and 
NiCR-37 can be seen in Figure 56. Powder larger than approximately 20 µm in diameter 
exhibited primarily dendritic microstructures. A transition in primary morphology occurred 
between particles of approximately 10 and 20 µm with powder particles less than 10 µm in 
diameter exhibiting a primarily equiaxed microstructure.  
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F igu re  55  -  Example  SEM mic rog raph  o f  v a ry ing  g rowth  morpho log i e s  p r e s en t  in  a tomized  powder .  
 
 
F igu re  56  -  Compar i son  o f  m ic ro s t ruc tu re  morpho logy  and  spac ing  in  h igh  Y /T i - con ta in ing  a l l oy  
hea t s  N iCR-36  ( top )  and  NiCR-37  (bo t tom)  fo r  v a r iou s  powder  s i z e  r ange s .  Ave rage  mea su red  
spac ing  fo r  the  powder  s i z e  r ange s  a r e  shown  in  the  boxe s  a c company ing  e ach  image .  
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As shown in Figure 57, a decrease in microstructure spacing was observed with 
decreasing powder size as well with a significant drop in spacing for powders below 20 µm 
in diameter for both NiCR-36 and NiCR-37. Although the average spacing for NiCR-37 
(with added oxygen) was slightly higher than NiCR-36 (without oxygen) the measured 
spacing was generally within the standard deviation of the measurements and therefore a 
statistically significant difference in microstructure spacing was not observed; an effect of 
the presence of injected oxygen was not observed. 
EDS mapping (Figure 58) and X-ray diffraction (XRD) analysis (Figure 59) 
determined that the microstructure consisted of two phases: !-Ni matrix, and the 
intermetallic Ni5Y phase located in the interdendritic regions as can be seen in Figure 58. 
This figure also indicates that lesser amounts of segregation occur at finer particle sizes. It 
should be noted, however, that the limit of resolution due to the interaction volume of the 
beam might make fine-scale eutectic difficult to resolve through this method.  
Similar microstructural spacing trends were observed for the other four heats but, as 
shown in Figure 60, the primary solidification morphology for all sizes appeared to be 
equiaxed. 
 
 
F igu re  57  -  Mic ro s t ruc tu re  spac ing  a s  a  func t ion  o f  pa r t i c l e  s i z e .  
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F igu re  58  -  EDS maps  fo r  v a r iou s  powder  s i z e s  fo r  h igh  Y /T i  N iCR-36  (no  in j e c t ed  oxygen ) .  The  
g r e en  co lo r  ind i ca t e s  y t t r ium enr i chment .  
 
 
F igu re  59  -  Example  X - r ay  d i f f r a c t ion  pa t t e rn  ind i c a t ing  the  pha se s  p r e s en t  fo r  a s - a tomized  powder  
f rom h igh  Y /T i  N iCR-36  (no  added  oxygen ) .  Pha s e s  p r e s en t  a r e  N i 5Y  (o r ange )  and  !-N i  (b lue ) .  
 
!"#!! !!"!! 
!"!! !"!! 
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F igu re  60  -  Compar i son  o f  m ic ro s t ruc tu re  morpho logy  and  spac ing  in  low  Y/T i - con ta in ing  a l l oy  
hea t s  3  ( top )  and  4  (bo t tom)  fo r  v a r iou s  powder  s i z e  r ange s .  
 
Further comparison of the XRD data from the oxygen-injected high Y/Ti alloy 
(NiCR-37), shown in Figure 61, revealed not only the presence of an oxide phase peak for 
the largest powder sizes, but that the intensity of the oxide peak decreases with decreasing 
powder size until essentially reaching zero intensity somewhere between powder sizes of 
approximately 20 and 45 µm in diameter.  This oxide peak was identified as a cubic Y2O3 
surface oxide, although surface EDS results indicate the oxide may also be enriched with 
aluminum and titanium in addition to the yttrium and oxygen. 
XRD data also indicated trends as a function of particle size.  Figure 62 shows that an 
increase in nickel lattice parameter occurs between 20 and 45 µm for the high Y/Ti alloys. It 
also indicates that the lattice parameter decreased between 20 and 45 µm for the low Y/Ti 
alloys before increasing again at smaller particle sizes. The lattice parameters for both alloy 
sets were higher than that calculated using Vegard’s law for the composition containing Ni, 
Cr, Ti, and Al.  
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F igu re  61  -  XRD re su l t s  f o r  h igh  Y /T i  N iCR-37(oxygen  in j e c t ed )  fo r  v a r iou s  powder  s i z e s .  Re su l t s  
a r e  s im i l a r  to  N iCR-36  (no  oxygen  in j e c t ed )  w i th  the  add i t ion  o f  a  c ry s t a l l in e  ox ide  peak  in  l a rg e r  
powder  s i z e  r ange s .  
 
As-HIPed samples were optically measured (Figure 63 and Figure 64) to be 
approximately 92-93% dense and contained continuous prior particle boundary oxides 
(PPB) and internal intermetallic phases, indicating that diffusion at the 700˚C HIP 
temperature was sufficiently low to prevent large-scale reaction. The sample became fully 
dense after either 1 hour or 2 hour vacuum anneals at 1200°C and no intermetallic could be 
detected in the SEM or XRD. The heat-treated microstructures (Figure 65) exhibited prior 
particle boundary oxide (PPB) enriched in Y and Al, and smaller internal oxides of 
unknown composition. General EDS trends (not shown) found that the coarser the oxide, 
the higher the Al content. 
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F igu re  62  -  Compar i son  o f  !-N i  l a t t i c e  pa r amete r  a s  a  func t ion  o f  a l l oy  con ten t  and  powder  pa r t i c l e  
s i z e  fo r  h igh  ( top )  and  low  (bo t tom)  Y /T i  con ten t s .  Va lue s  a r e  compared  to  c a l cu l a t ed  l a t t i c e  
pa r amete r  v a lue s  fo r  (N i ,Cr ,T i ,A l )  ba s ed  on  Vega rd ’ s  l aw .  
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F igu re  63  -  HIP  can i s t e r s  in  the  a s - s e a l ed  ( sh iny )  and  a s -HIPed  (du l l )  cond i t ion s .  
 
F igu re  64  -  A s -HIP  conso l ida t ed  ( top )  and  po s t -  1200 °C ,  2 -h r  v acuum hea t  t r e a tment  fu l l y  den se  
mate r i a l  (bo t tom) .  
NiCR-55, +10,-20 
NiCR-56, -20 
NiCR-55, +10,-20 NiCR-56, -20 
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F igu re  65  -  Po s t -HIP ,  v acuum hea t - t r e a t ed  s amp le s  f rom SEM ( top )  and  TEM (bo t tom) .  
 
5 .6  -  DISCUSSION 
A comparison of the particle size distribution (PSD) results in Figure 52 leads to a 
general answer to the question of the effect of injected oxygen. As a general rule, an increase 
in the gas-to-metal ratio (G/M) typically results in a decrease in the mean particle diameter 
(d50), according to Lubanksa [98]. Despite this general rule the resulting PSDs were a direct 
reversal of this trend with the lower G/M ratio heats yielding finer powder, and this seems 
HT 1250°C, 2-hr (top left and right)  
HT 1250°C, 1-hr (bottom right)  
NiCR-55, +10,-20 NiCR-56, -20 
~320 nm 
~60 nm 
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to be affected by the increased presence of oxygen. A previous experiment by Strauss [169] 
observed that pure Ag and Cu experienced an approximately 20% reduction in mean 
particle diameter when 1% oxygen was added to the atomizing gas while a solder alloy, 
SAC305 (Sn–3.0Ag–0.5Cu (wt.%)), achieved only a marginal decrease in mean particle 
diameter with the addition of oxygen. Strauss attributed the reduction in surface tension as 
the mechanism for the particle size refinement for pure Ag and Cu, as they have reasonable 
solubility of oxygen. The mainly tin alloy, SAC305, however, was surface active (self 
passivating) which hindered this effect. Likewise, it is likely that the many surface-active 
elements, especially Cr that can form a Cr2O3 passivating film, in the Ni-Cr-Y-Ti-Al alloys 
are a cause for the marginal difference in particle size. If both G/M ratios (among all other 
parameters) were identical the particle size refinement may have been more pronounced and 
been enough to better quantify the relationship. In fact, to enable direct comparison to the 
work of Strauss, the oxygen should have been injected into the atomization gas, not added 
downstream after the breakup had already initiated. From the data collected, the only 
concrete conclusion to draw is that downstream oxygen injection during the atomization 
process does not negatively affect the particle size distribution, which is an affirmation of 
sorts for the use of oxygen injection in this manner. 
The other facet investigated from the powder-producing standpoint was that of the 
pulsatile atomization process (see 2.2.5). An increase in the yield of fine powder was not 
observed while atomizing just above the wake closure pressure, nor was a reduction in melt 
flow rate observed. In fact, the melt flow rate was observed to significantly increase. It is 
probable that the pulsatile regime or any other mechanism that would favor fine powder 
production at lower pressures would do so through a balance of momentum between the 
downward momentum of the molten metal and the recirculation in the upward direction. 
Since the gas will always have a much smaller density, it is reasonable to expect that the 
momentums will only be of the same scale when the melt flow rate is low due to a small 
melt orifice. This is in opposition to the desire of industrial atomizers to operate at higher 
melt flow rates with larger orifice sizes to reduce the likelihood of a melt freeze off. It is 
likely that for increased efficiency, due to pulsation/near-WCP operation that was observed 
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in laboratory scale atomizers, to be realized on an industrial scale that multiple smaller 
nozzles would need to be implemented instead of one larger nozzle. 
The oxygen effect on the microstructure is perhaps even less deducible from this 
study.  Comparing heats with no injected oxygen (1 and 3), to the corresponding heats (2 
and 4), with injected oxygen, one does not observe a significant difference in solidification 
microstructure and morphology, or feature spacing for given powder size ranges. For larger 
powder sizes the trend followed a log-log distribution of spacing versus powder size.  This is 
to be expected as spacing varies linearly with cooling rate and cooling rate shares a log-log 
relationship with particle diameter (Figure 66) [20]. What was not expected was the change 
in the slope of that trend (Figure 57) that occurred around 20 µm in diameter, regardless of 
the presence or absence of downstream oxygen injection. If mote isolation were successful it 
would be expected that the average spacing would increase with respect to the trend as 
solute trapping reduces the macroscopic segregation.  Instead the spacing decreased. The 
exact cause of this transition is unknown, but a few plausible explanations are offered below.   
It is possible that mote isolation occurred and that a highly potent, low density 
nucleation catalyst was isolated, but the next most potent nucleation catalyst was a higher 
density catalyst that still favored !-(Ni) formation. Following the work of Perepezko [134] 
this can be visualized in Figure 66 in transformation curves A, B, and C, cooling rates !T1 and 
!T2 , and undercooling values for those cooling rates Tr1 and Tr2 where Tr = T / Tm. The 
transformation curves A and B represent different heterogeneous !-(Ni) nucleation 
conditions with curve A representing the high potency / low density nucleant, while curve B 
represents the lower potency / higher density nucleant. Cooling rate !T1 represents the 
cooling curve obtained in the larger (>20 to 45 µm) particles and cooling rate !T2 represents 
the cooling curve obtained in the finer (<20 to 45 µm) particles. Transformation curve C 
would represent full solute trapping or even an amorphous phase if the nucleation potency 
from other catalysts were reduced. 
Another possible explanation regards the effects of surface chemistry on nucleation. 
Surface potency is one of the strongest factors in nucleation and great lengths are taken in 
nucleation studies to eliminate potent surface nucleants by using inert, glass or containerless 
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containment methods. The X-ray diffraction (XRD) data (Figure 61) identified a cubic Y2O3 
surface oxide for powders larger than 45 µm in diameter.  No crystalline peaks were 
observed in powder less than 45 µm in diameter despite the increasing presence of oxygen 
(Figure 53). It is likely, based on prior work in the Fe-based ODS system [15], that the 
increasing oxygen content (normalized to specific surface area) is an indicator that an 
amorphous surface oxide is present for powder sizes less than 45 µm. Previous sessile drop 
undercooling experiments with pure Ni noted that undercooling in Ni was not particularly 
sensitive to composition of the substrate (Al2O3 vs. ZrO2), lattice disregistry or epitaxial 
relation to the oxide in contact with the metal, but it was sensitive to the partial pressure of 
oxygen (PO2) in the atmosphere [137]. Since the partial pressure of oxygen is controlled by 
the stoichiometry of the surface oxide and the free energy of formation, it is possible that 
the shift from crystalline to amorphous surface oxide may affect the undercooling achieved 
during atomization.  
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F igu re  66  -  Coo l ing  r a t e  a s  a  func t ion  o f  pa r t i c l e  s i z e  ( l e f t ) [20 ]  and  f i gu re  demons t r a t ing  the  
t r adeo f f s  b e tween  coo l ing  r a t e  (wh ich  inc r ea s e s  w i th  dec r ea s ing  pa r t i c l e  d i amete r )  and  ac t i v e  
nuc l e an t s  ( r i gh t ) .  (F igu re  mod i f i ed  f rom [134] )  
 
Despite these conjectures it is likely that the addition of oxygen in the atomization 
process is not significantly detrimental to the process and the formation of an amorphous 
surface oxide (analogous to glass containers used for undercooling experiments) may in fact 
reduce catalytic surface nucleation and promote undercooling. This is supported by the 
lattice parameter data (Figure 62) that suggests the marginally higher values for alloys 
produced with injected oxygen are due to slight increases in solute trapping of Y. Since all 
the Cr, Al, and Ti are soluble in !-Ni and should reside in solid solution only Y and O are 
available to further distort the !-Ni lattice.  Oxygen has a smaller atomic radius than nickel 
so substitutional oxygen would relax the lattice and a significant increase in the soluble O in 
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interstitial sites is unlikely given that the presence of the surface oxide would likely limit the 
concentration of O within the matrix phase of the as-solidified powder. This means that the 
lattice parameter increase is likely due to solute trapping of Y. The lattice parameter shift, 
oxygen content, surface oxide crystallinity, and microstructure spacing trends all display 
marked changes in their behavior at a point between 20 and 45 µm in particle diameter. 
While there appears to be an effect of oxygen it is not significantly positive (in terms of 
solute trapping) at best and is negligible at worst.  The effect warrants further investigation 
and a coupled set of experiments with pre-mixed Ar-O2 atomization gas would be useful to 
further examine the kinetics of the surface oxide formation and its relation to undercooling. 
The consolidated samples exhibited a marked transition from intermetallic to oxide 
dispersoid formation upon heat-treatment. While much can still be gained from 
characterization of the consolidated samples, what is clear is that aluminum contamination 
is a serious concern for the Ti-containing alloys due to the inability to avoid mixed Y-Al 
oxides that are known to rapidly coarsen at elevated temperatures. Also, the presence of 
yttrium in the surface oxide reduces the driving force for internal oxidation of the powder 
and prior particle boundary oxide were still found to decorate the prior powder surfaces, 
even after high temperature annealing. It is important to further examine the balance in 
alloy chemistry (in order to promote a favorable metastable Cr-enriched oxide instead) and 
to investigate the optimum injection location/temperature for oxygen to form the 
metastable oxide on particle surfaces. Overall, it is certain that an exchange reaction does 
occur in these Ni-base alloys and that production of Ni-based ODS alloys through the 
GARS process is a viable strategy for further development. 
5 .7  -  CONCLUSIONS 
Ni-based ODS precursor powder was produced by gas atomization with downstream 
gas injection. Powder size trends for microstructure spacing, lattice parameter, oxygen 
content and surface oxide crystallinity were observed. Two sets of these trends were observed 
with fine-powder (<20 to 45 µm) displaying a slight deviation from the trends of the large-
powder (>20 to 45 µm). It is believed the oxygen injection does play a role in these trends, 
but the exact mechanism is not known.  Overall, the injection of oxygen during the 
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atomization process did not negatively affect the particle size distribution or undercooling 
and it is possible that the oxygen may make a positive contribution towards finer powder 
with enhanced rapidly solidified microstructures. Also, the pulsatile mechanism (decreased 
flow rates, increased yields of fine powder at operating pressures just above the wake closure 
pressure) was not observed since the yield of fine powder decreased along with an increase 
in melt flow rate for powder produced near WCP. 
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CHAPTER 6  -  GENERAL CONCLUSIONS 
The gas atomization reaction synthesis (GARS) processing method was successfully 
applied to Ni-based alloys to produce oxide dispersion strengthened (ODS) alloys. 
An initial internal oxidation proof of concept was performed to validate the 
exchange reactions and stability, or hierarchy, of oxides in the alloy systems of Ni-Cr-Y-(Hf, 
Ti, or Zr). Diffusion data measured from these experiments allowed for the calculation of 
heat treatment times necessary for the full reaction of a powder particle of given size. It was 
also observed that while Hf-containing oxides are likely more thermally stable than Ti-
containing oxides, the number of phases in the Ti-containing alloy was much lower and was 
therefore more conducive to the characterization work necessary for the fundamental 
processing studies of this research. It should be emphasized that the Hf-containing alloy 
system shows considerable promise in terms of thermal stability, especially in Al-containing 
alloys; in other words Ti should not be selected, based on this document, as the highest 
performer, but should be considered among the viable candidates (Hf, Ti, Zr) based on the 
desired goals of the research or final product. 
In preparation for atomization trials, gas-only bench-top aspiration testing was 
performed on a newly designed gas atomization nozzle (45-46-0465). This larger-bore, 
high-flow rate nozzle contained four and two times the total exit area of previously 
characterized nozzles with the same smaller internal bore dimension. The trend of lower 
WCP with increasing exit area, previously reported in the smaller center bore nozzles, was 
not observed for the new larger-bore high-flow nozzle; the increased exit area of the nozzle 
was counteracted by the larger center bore and a reduction in wake closure pressure was not 
observed. However, a series of aspiration tests were performed for various tip extension 
lengths and a few general trends were observed. An increased extension tip length resulted 
in 1) an increased operating pressure required to achieve wake closure pressure, 2) a decrease 
in the aspiration pressure at wake closure, 3) an increase in the magnitude of the 
undesirable overambient orifice pressure value at lower manifold pressures, 4) increasing 
manifold pressures required to completely avoid overambient orifice conditions, and 5) 
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decreasing wake closure pressure hysteresis. A balance of favorable traits (from the extension 
lengths that were tested) enabled selection of the 0.1841” extension for the subsequent 
atomization trials. 
With the alloy system (Ni-Cr-Y-Ti) and the appropriate atomization parameters 
(extension tip length, atomization pressure) selected atomization trials were performed. A 
series of six heats were produced with varying alloy content and reactive-gas composition. 
The effects of the pulsatile atomization mechanism were not observed near wake closure 
pressure, i.e., the melt flow rate increased at wake closure and the finest powder was not 
produced near wake closure pressure (WCP), but resulted from a comparable atomization 
trial with an atomization gas pressure selected to be well above WCP. The presence of 
oxygen in the atomizing gas did not negatively affect the resulting powder size distribution, 
but may have actually refined it. Unfortunately, the confounding effects of varying gas-to-
metal ratios in the heats do not allow for quantitative statements to be made on the oxygen 
effects. Yttrium content in the bulk metal had a much larger effect than the oxygen did in 
terms of microstructural spacing and solute trapping (as deduced from lattice spacing 
measurements and intermetallic volume fraction measurements). 
In the end, atomized powder was successfully HIPed and heat treated to form 
nanometric oxide dispersoids in Ni-based ODS alloys. The lessons learned about the GARS 
processing route in terms of the effect of oxygen on particle size distribution and 
undercooling, as well as an in-depth look at the downstream addition of oxygen will allow 
for more extensive development of this approach in the future. 
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